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ABSTRACT 

Solidification defects have a detrimental influence on mechanical and physical properties of 

metals and alloys. These defects can form in both macro and microscale inside the alloy or at the 

surface. In this Ph.D. research, by means of computational modeling, we aim to understand the 

formation mechanisms of surface defects that form during continuous casting of steels especially 

peritectic steels. To this end, we developed macro-scale computational framework based on finite 

element method to understand the effect of carbon on surface defect features of steels.  

A finite element model including non-linear temperature-, phase-, and carbon-content-

dependent elastic–viscoplastic constitutive equations is applied to study the effect of steel grade 

and interfacial heat flux on thermal distortion of a solidifying steel droplet. Due to thermal 

contraction, the bottom surface of the droplet bends away from the chill plate and a gap forms. It 

is shown that, regardless of the nature of the heat flux, the gap forms and grows the most very 

early during solidification (~0.1s) and remains almost unchanged afterward. The highest gap 

depths are predicted in ultra-low carbon (0.003%C) and peritectic steels (0.12%C), and agree both 

qualitatively and quantitatively with the experimental measurements. Thus, the current thermal-

mechanical model, including its phase-dependent properties, captures the mechanism responsible 

for nonuniform solidification, depression sensitivity and surface defects affecting these steels. The 

findings of this fundamental model and gap formation mechanism have important implications for 

the formation of surface depressions and related defects in commercial steel continuous casting 

processes. 
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In this work we also investigated microsegregation and second phase formation mechanism 

in Al-Cu alloys with copper content ranging from 3 to 11 at% using a phase field model 

implemented in MICRESS program. 

Our results show that the θ-phase fraction decreases with increasing the cooling rate, and 

this reduction is more drastic in alloys with a higher Cu content. Also, the microstructure features 

are influenced by the growth dynamics, where seaweed structure formation results in a more 

homogenous distribution of θ-phase and a finer microstructure. The results show that, irrespective 

of Cu content and cooling rate, the seaweed structure formation is halted at CM interfacial 

anisotropies larger than 0.005. As the anisotropy decreases, different seaweed structures can form 

regarding the constitutional supercooling. At low anisotropies (Al-3 and Al-8.4 at% Cu) and low 

supercooling (Al-3 at% Cu) fractal or degenerate seaweed is dominant while at high supercooling 

(Al-8.4 at% Cu) compact seaweed forms. This difference in supercooling stems from different 

solute atom transport rates. This is study is the first atomistic informed phase field simulation of 

pattern formation in Al-Cu alloys which is completely quantitative. The results of this study can 

be used for material selection and process design during solidification of Al-Cu alloys to control 

mechanical properties of solidified microstructure. 
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CHAPTER 1  

INTRODUCTION AND BACKGROUND 

1.1 Solidification Defects 

There is currently a great deal of interest in controlling all aspect of solidification 

characteristics include solidification microstructure and solidification defects.  Controlling these 

features play a significant role in improvement of castability, improve mechanical and surface 

properties, and increase component integrity and reliability. Based on their scale solidification 

defects can be categorize in to main groups: macroscale and microscale defects. Macroscale 

defects include gas porosity formation [1], macro-segregation [2], shrinkage porosity (close 

shrinkage) [3], surface shrinkage (open shrinkage) [3], and macrocracks [4]. Microdefects 

include microcracks [5], micro-porosity [6] and microsegregation of alloying elements [7].  

Macro-defects formation especially surface defects are one of the biggest concerns during 

continuous casting of steels which will be investigated in this study. Continuous casting 

technology is the primary method of producing semi-finished steel products, and over 96% of the 

world’s steel is made using this process [8]. One of the most important features of continuously 

cast strands is their surface quality, which is mainly controlled by initial solidification at the 

meniscus [9-11]. In this region, the solidifying shell is subjected to complicated thermal and 

mechanical loading conditions [12] which may lead to formation of surface defects such as 

depressions [13], oscillation marks [14, 15], and cracks [16, 17]. 

Microsegregation which is the chemical inhomogeneity at the scale of a grain size or a 

dendrite arm, and is a result of non-equilibrium solidification of alloys is the main problem 

during solidification of Al-Cu alloys [18]. Solidification of hypoeutectic Al-Cu alloys leads to 

microstructures in which the -dendrites are embedded into a eutectic interdendritic region of 
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α+Al2Cu. Size and distribution of Al2Cu particles have a crucial effect on mechanical properties 

of Al-Cu alloys [19]. The characteristics of this particles in a solidified microstructure are 

determined by solidification pattern [20].   

In this study the underlying reason of surface defect formation during solidification of 

steels with a focus on the effect of carbon content will be investigated using finite element 

modeling and phase field modeling. Also, the effect of interfacial energy and its anisotropy on 

solidification pattern formation and eventually microsegregation in Al-Cu alloys will be 

investigated using phase field simulation.     

1.2 Surface Shrinkage During Continuous Casting of Steels 

The castability of high-quality steel depends on avoiding breakouts, cracks, and surface 

quality problems. The surface quality of steel products is mainly determined by the early stages 

of solidification in the meniscus region of the mold and steels which undergo the peritectic 

transition are the most difficult to cast [21-23]. This is attributed to the volume contraction 

(shrinkage) associated with the peritectic phase transformation. This shrinkage leads to the 

formation of deep air gap and oscillation marks, surface crack formation and large austenite 

grain size [24-27]. The automotive industry is increasingly utilizing steels with peritectic 

composition range (AHSS, HSLA etc.), to reduce vehicle weight. Therefore, there is a great need 

to produce these steels without defects [28].  

Peritectic steel solidification occurs in two distinct stages: the peritectic reaction (L+ 

δ→γ) followed by the peritectic transformation (δ→γ), Figure 1.1 (a). During the peritectic 

reaction, an austenite layer grows along the L+δ interface, as pictured in the upper right frame of 

Figure 1.1 (b). After the liquid locally runs out, then the remaining δ-ferrite transforms to 
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austenite by solid state transformation. The peritectic transformation starts by thickening of the 

austenite (b) [29]. 

 

 

Figure 1.1. (a) Iron-carbon phase diagram showing peritectic steels (shaded) and their phase 

transformations; (b) schematics of the peritectic reaction and subsequent peritectic 

transformation. 

 

1.2.1 Mechanism of Peritectic Solidification 

Peritectic solidification has been investigated by many researchers [30-37] and different 

mechanisms have been proposed to explain the details of this phenomenon. These include 

thermal  diffusion of solute atoms [35] and re-melting of delta ferrite [38] to explain the 

peritectic reaction and diffusion or massive transformation to explain the peritectic 

transformation [36, 37, 39-41]. Many models [30-33] assume that the peritectic reaction and 

transformation are both controlled by the diffusion of solute atoms. Some measurements, by 

diffusion-couple [34] and directional solidification experiments [40], agree with these diffusion-

controlled models. However, other experimental studies [35, 38, 39, 41-43] have shown that the 

rates of the peritectic reaction and transformation are very fast, especially γ -austenite layer 
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growth along the liquid/δ -ferrite interface in the peritectic reaction. Recent phase field 

simulations suggest that these high rates can be explained by diffusion [44-46]. Other researchers 

claim that these observations cannot be explained by diffusion mechanism(s) alone, and have 

suggested other mechanisms, including micro-scale heat transfer and fluid mixing involving 

delta-ferrite re-melting [35, 38, 41], and massive transformation [38, 47-51]. 

1.2.2 Effects of Peritectic Solidification 

Understanding peritectic solidification in steels is of great practical importance, because 

peritectic solidification causes many different problems during commercial casting processes 

such as continuous casting. These problems include the formation of deep oscillation marks, 

surface depressions and interfacial gaps in the mold that lead to lower heat flux, thinner, and 

nonuniform (rippled) solidified shell thickness and accompanying catastrophic breakouts, 

increased susceptibility to surface crack formation, and larger austenite grain size. During casting 

of steel, heat flux from the solidifying steel to the mold is a strong function of carbon content 

[21, 52], where the lowest heat transfer rate is measured for the peritectic 0.10 pct C steel.  

The shell of the peritectic steel is thinner, as seen in the measurements in Figure 1.2 (a). 

This slower shell growth of peritectic steels is caused by the generally lower mold heat transfer.  
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Figure 1.2. Steel shell growth profiles during continuous casting, comparing peritectic  and non-

peritectic steel grades, (b) Surface and cross section views of solidified shells of continuous-cast 

steel billets of peritectic steel and and non-peritectic steel grades [21]. 

 

More important than the thinner shell, however, is the jagged nature of the shell thickness 

profile for the peritectic steel, which indicates the much larger variability in shell growth of this 

steel grade. Figure 1.2 (b) compares the appearance of the surface and interior of peritectic and 

non-peritectic steels [21]. While non-peritectic (0.4 pct C) steels solidify with a relatively smooth 

interior, the peritectic steel (0.1 pct C) experiences severe ripples on the inside of the shell.  

The root cause of the shrinkage peak in peritectic steels is the δ→γ transformation from 

body-centered-cubic δ to face-centered-cubic γ, which decreases the molar volume by 2.5 - 3.0 

pct [53]. Shrinkage calculations of a solidifying steel shell, such as given in Figure 1.3 shows 

that linear shrinkage increases with time for all steel grades [54].  

 



 

6 
 

 

Figure 1.3. Calculated shrinkage of solidifying shell vs. time from the start of casting [24]. 

 

Peritectic solidification also is detrimental for high and medium temperature ductility. 

Metallurgical properties during solidification are shown schematically in Figure 1.4. Above the 

Zero Strength Temperature, (ZST), the steel behaves like liquid, and any applied tensile strain 

will simply pull apart the dendrites, and draw liquid in to fill the space. Between LIT and ZDT is 

a brittle temperature range that is susceptible to hot tearing [55]. In the critical temperature 

ranges, any applied tensile strain will open up a crack, which is filled by drawing in surrounding 

segregated liquid. In peritectic steels the δ→γ transformation takes place in brittle temperature 

range and consequently decreases hot ductility. 
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Figure 1.4. Schematic of temperatures relevant to high-temperature embrittlement and hot 

tearing cracks during steel solidification. Reprinted with permission from reference [55]. 

 

1.3 Microsegregation In Al-Cu Alloys: Solidification Pattern Effect 

Microsegregation is defined as a chemical separation and concentration of alloying 

elements or impurities on small scales. Microsegregation develops as solute is rejected and 

trapped among microstructural elements formed by unstable interfaces, such as cells and 

dendrites. For example, the primary stem of a dendrite may be relatively low in solute compared 

to nearby interdendritic regions surrounded by the side branches that were the last to solidify. 

Microsegregation arises from the partitioning of solute between solid and liquid which is 

expressed by the equilibrium partition coefficient for the solute, k=Cs/CL. where Cs and CL are 

the solute concentrations in solid and liquid respectively. Under equilibrium solidification 

conditions where diffusion in solid and liquid is complete, the composition of both solid and 

liquid adjusts during cooling in accordance with the phase diagram so that the final solid has the 

composition of the original melt, and no microsegregation has developed. Under real conditions, 

diffusion in the solid is restricted, and the alloy after completion of solidification is 
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inhomogeneous in composition. In alloys which are nominally single phase, microsegregation 

can lead eventually to the precipitation of second phase from the solute-enriched liquid. A coarse 

second phase and the inhomogeneous microstructure arising from microsegregation, even after 

heat treatment, will result in poor mechanical properties, and particularly in reduced ductility.  

In the assessment of the amount of microsegregation which occur during solidification, 

the morphology and scale of the dendrite structure are of crucial importance since they strongly 

influence the extent of solute diffusion. In other word, patterns created by the dendritic structure 

influence the distribution of secondary phases that form in the interdendritic regions in the late 

stages of solidification. Solidification pattern is controlled by processing condition (cooling rate 

and temperature gradient) and material properties (freezing range, diffusion coefficient, Crystal -

melt (CM) interfacial energy and its anisotropy, etc.).  

The crystal-melt (CM) interfacial energy is an intrinsic material property that plays a 

critical role in solidification pattern formation [56]. It influences the solidification 

microstructures in two ways; first, dendrites grow during solidification along the directions with 

the highest CM interfacial energy, and second, the instability of interface affecting the dendrite 

patterns, is controlled by the CM interfacial energy [57-59]. The CM interface energy has an 

anisotropic nature with respect to the crystallographic directions. Despite the unknown atomistic 

origin of interfacial energy anisotropy, the anisotropy is very small for most alloys which results 

in a negligible change in the interfacial energy in different crystallographic directions [56]. 

However, it governs the nucleation and growth kinetics [60-62], morphology [63-65], and 

crystallographic growth direction of the dendrites [66].  

The instability of CM interface, which is influenced by the CM interfacial energy, controls 

microstructure evolution, dendrite arm spacing, and microsegregation patterns [58]. Coriell and 
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Sekerka [67] added surface tension and surface kinetic anisotropy effects into the perturbation 

linear stability analysis and showed that the capillary term, that contributes in interface stability, 

is direction dependent [64, 68, 69]. Trivedi [70] compared experimental results with linear and 

weakly nonlinear analyses of the planar interface stability and showed that when a material is 

directionally solidified beyond the threshold of planar stability condition [71], the anisotropy of 

interface properties not only affects the planar to cellular and cellular to dendritic transitions, but 

also causes tilting of cells and dendrites against the heat flow direction [72-74].  

Besides dendritic microstructures, diverse types of morphologies can be formed during 

solidification of metallic alloys, including seaweed, dense-branched, fractal-like, and variations 

between these patterns [75-79]. These morphologies may result from interactive effects of 

thermal diffusion, mass diffusion, and inherent interfacial anisotropy on interface stability [77, 

80, 81]. Experimental work performed by Akamatsu et al. on transparent alloys [77, 81] showed 

that the stability of dendritic patterns greatly depends on the strength of interfacial energy 

anisotropy. They proved that for crystal orientations corresponding to low interfacial anisotropy, 

dendritic pattern is unstable and seaweed structure forms. Numerical studies [76, 82] confirmed 

these results and proved sidebranching takes place for vanishing anisotropy which results in 

seaweed structure formation. Recent phase-field simulations show occurrence of transitions 

between solidification patterns by changing the chemical compositions and processing 

conditions. Amoorezaei et al. [83] showed that in a directionally solidified Mg alloy with low 

interfacial energy anisotropy, any change in processing condition considerably alters the 

solidification morphology. Their results indicated that at a low pulling velocity, seaweed 

structure is dominant, while at an increasing pulling velocity compacted seaweed is the main 

morphology. In another study, Xing et al. [84] investigated the dynamics of growing dendrites 
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and showed that the seaweed is the dominant morphology at weaker interfacial energy 

anisotropies, lower pulling velocities, and higher thermal gradients. It is believed that the 

instability at the tips, which stems from low surface energy anisotropy, is responsible for the 

formation of such a morphology [85, 86]. Chen et al. [87] showed that tip splitting takes place 

during the solidification of Al-4 wt% Cu with low interfacial energy anisotropy, which leads to 

seaweed structure. They argued that the seaweed regime is formed by morphological instability 

occurring when the cell/dendrite tip becomes too wide.  

Despite their importance in predicting the microstructure, experimental measurements of 

the CM interfacial free energy and the anisotropy terms are very challenging and often not 

possible [88]. Because of the recent availability of reliable embedded interatomic potentials for 

metals, molecular dynamics (MD) has become a popular method for calculating the CM interface 

free energy. Among the two well-known methods, namely Cleavage [89] and the capillary 

fluctuation method (CFM) [90], the latter results in a more accurate anisotropy parameter 

calculations, which is used in this study. CFM has been extensively used for interface energy 

calculations of metals [91-96], compounds [97], and binary alloys [98, 99].  

The interface energy for an alloy depends on the working temperature and alloy 

composition. There are different MD simulations that discuss how the change in chemical 

composition alters the interface free energy and its anisotropy. Becker et al. [100] used CFM to 

show that the CM interface energy in Ni-5at%Cu alloy is 7.4% less than pure Ni. Furthermore, 

the addition of 5 at% Cu decreases 1 (Fourfold anisotropy parameter) from 0.09 to 0.072 and 

increases 2 (Six-fold anisotropy parameter) from -0.011 to -0.007 [101]. Potter and Hoyt [102] 

applied the CFM to the Cu-rich Cu–Ag–Au system; they indicated that species with a high 
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enthalpy of mixing tend to destabilize the dendrites growing in the 〈100〉 direction and promote 

a transition to the growth of hyper-branched and 〈110〉 –oriented dendrites. 

Some studies support the computationally-predicted change in the interface free energy and 

the corresponding anisotropy due to the change in alloy composition. Using experimental 

observation [103] and phase-field modeling [104], it was shown that in Al-Zn alloys (Zn<25 

wt%) with high values of 𝜖1 (four-fold anisotropy parameter) and low values of |𝜖2| (six-fold 

anisotropy parameter), 〈100〉-oriented dendrites are dominant. When Zn concentration is more 

than 55 wt%, the value of 𝜖1 is low and the absolute value of 𝜖2 is high. Under this condition,  

〈110〉 is found to be the favorable growth direction. In the intermediate regions, surface energy 

anisotropy becomes very small and leads to the formation of seaweed structures or hyper-

branched dendrites [105]. The same behavior was observed in Al-Ge system, where at Ge less 

than 20 wt% dendrite grows along 〈100〉 direction, and when Ge is more than 46 wt%, 〈110〉 is 

dominant growth direction [106].   Recently, Wang et al. [56] showed that in Al-Sm alloy 

system, increasing Sm content drastically reduces anisotropy strength while increasing the 

average interface energy (𝛾0).  The aforementioned studies indicate that chemical composition is 

the main factor that controls CM interfacial energy and its anisotropy. Also, it was shown that 

since the equilibrium composition at CM interface changes by temperature, its energy and 

anisotropy are functions of temperature [107-109]. 

In this thesis we will investigated multi scale defect formation in Fe-C and Al-Cu alloys 

using finite element modeling and phase field modeling, respectively. In Chapter 2, we represent 

a review of proposed mechanisms for peritectic solidification mechanisms and the effect of 

peritectic solidification on the defect formation during steel casting. In Chapter 3, we use a finite 

element modeling to simulate thermal distortion and air gap formation at the surface of a 
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solidifying steel droplet. In Chapter 4, using an atomistic informed phase field modeling we 

investigate solidification pattern formation and microsegregation in Al-Cu alloys. The last two 

chapters are the conclusions of this study and potential future works. 

1.4 Objectives 

Formation of defects in both macro and micro scale during solidification of alloys is 

detrimental to mechanical and physical properties. Steels and Al-Cu are among the alloys with 

highest demand and it is crucial to produce them without defects.  

During solidification of steels surface defects form due to phase transformation of ferrite to 

austenite at early stage of solidification. The questions are how the steel grade with different 

carbon content can change the surface defect characteristics and what is the underlying 

mechanisms. Also, it is crucial to know how the heat flux change defect formation in different 

grades.  

In Al-Cu alloys the size and distribution of the intermetallic phase (Al2Cu or -phase) 

which forms in the interdendritic regions has a great effect on mechanical properties. The 

characteristics of -phase is mainly controlled by the solidification pattern which form during 

solidification. The questions are 1- how Cu content results in change of solidification pattern. Is 

Cu content the only parameter that change or it has effect on solid/liquid interfacial energy and 

its anisotropy. How interfacial energy properties interact with solute consternation to change 

solidification pattern. Which patterns results in more homogenous distribution of -phase. 

Considering aforementioned questions, the objectives of this thesis are as follow:  
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1- proposed mechanisms of peritectic solidification are reviewed in detail and the effects 

of peritectic solidification on surface quality, austenite grain size, hot ductility, 

segregation, and crack formation of cast product is discussed. 

2- During continuous casting of steels many transient phenomena take place in the mold 

and have effect on distortion of solidifying shell. Due to this condition it is almost 

impossible to single out the effect of phase transformation shrinkage on shell distortion. 

To this end, a finite element model including non-linear temperature-, phase-, and 

carbon-content-dependent elastic–viscoplastic constitutive equations to study the effect 

of steel grade and interfacial heat flux on shrinkage and thermal distortion of a 

solidifying steel droplet. 

3- Performing an atomistic-informed phase-field study to investigate the microstructure 

evolution during solidification of Al-Cu binary alloys under different solidification 

conditions. First, MD simulations are performed to reveal the relationship between CM 

interfacial energy properties and Cu content. Subsequently, a multi-phase field model is 

utilized to explore how Cu concentration gradient ahead of growing dendrite (Gc) and 

CM interfacial anisotropy collaborate to generate different solidification patterns and 

consequently different solidification features, such as dendrite arm spacings, and θ-

phase fraction and distribution. 

 

 

 

 



 

14 
 

CHAPTER 2  

REVIEWOF PERITECTIC SOLIDIFICATION MECHANISMS AND EFFECTS IN 

STEEL CASTING 

2.1 Abstract 

 Surface quality and castability of steels is controlled greatly by initial solidification. 

Peritectic steels suffer more from surface quality problems, including deep oscillation marks and 

depressions, crack formation and breakouts than other steels. This paper reviews current 

understanding of the fundamental mechanisms of initial solidification of peritectic steels that 

lead to these problems. First, different empirical relations to identify peritectic steel grades from 

their alloy compositions are summarized. Peritectic steels have equivalent carbon content that 

takes their solidification and cooling path between the point of maximum solubility in δ-ferrite 

and the triple point at the peritectic temperature. Surface defects are related more to the solid 

state peritectic transformation (δ-ferrite→γ-austenite) which occurs after the peritectic reaction 

(L+ δ→γ) during initial solidification. Some researchers believe that the peritectic reaction is 

controlled by diffusion of solute atoms from γ phase, through the liquid, to the δ phase while 

others believe that γ growth along the L/ δ interface involves microscale heat transfer and solute 

mixing due to local re-melting of δ-ferrite. There is also disagreement regarding the peritectic 

transformation. Some believe that peritectic transformation is diffusion controlled while others 

believe that massive transformation is responsible for this phenomenon. Alloying elements and 

cooling rate greatly affect these mechanisms.  

2.2 Introduction 

The castability of high-quality steel depends on avoiding breakouts, cracks, and surface 

quality problems. The surface quality of steel products is mainly determined by the early stages 

of solidification in the meniscus region of the mold [9, 11, 110-115]. Steels which undergo the 
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peritectic transition are the most difficult to cast [11, 116-121]. This is attributed to the volume 

contraction (shrinkage) associated with the peritectic phase transformation [24, 122, 123]. This 

shrinkage leads to the formation of an air gap between the steel shell and the mold during the CC 

process and decreases the heat flux. This leads to locally thinner and hotter regions of the 

solidified shell, which causes uneven shell growth that leads to surface depressions, deep 

oscillation marks, cracks, and breakouts [26, 124-129].  

Steels within the peritectic composition range include High Strength Low Alloy (HSLA) 

Steels, and recently Advanced High Strength Steels (AHSS), which are all used extensively in 

different products due to their excellent mechanical properties, which include high strength and 

toughness [28, 130-132]. The automotive industry is increasingly utilizing steels with peritectic 

composition range (AHSS, HSLA etc.), to reduce vehicle weight. Peritectic steels are widely 

applied in pipelines, navy vessels and nuclear power plant components [132, 133]. Therefore, 

there is a great need to produce these steels without defects [28].  

Peritectic steel solidification occurs in two distinct stages involving liquid (L), delta-ferrite 

(δ) and austenite (γ): the peritectic reaction (L+ δ→γ) followed by the peritectic transformation 

(δ→γ) [33, 38, 39, 134]. The peritectic reaction occurs just below the peritectic temperature, 

when liquid and delta-ferrite are in contact and react to form austenite. This corresponds to the 

L+δ+γ three-phase point in the binary phase diagram [135], or to the 3-phase region on sections 

through a multi-component phase diagram, such as shown in Figure 2.1(a). During the peritectic 

reaction, an austenite layer grows along the L+δ interface, as pictured in the upper right frame of 

Figure 2.1(b). After the liquid locally runs out, then the remaining δ-ferrite transforms to 

austenite by solid state transformation. The peritectic transformation starts by thickening of the 

austenite layer immediately behind the tip of this advancing γ platelet, as shown in Figure 2.1(b) 
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[29], where it proceeds on two fronts, growing into both the liquid on one side of the platelet and 

the delta interior on the other. Later, towards the center of the dendrite, the interior δ-γ interface 

has moved far away from the liquid, so further austenite growth into the delta ferrite involves 

only a single moving interface. Note that spatially, these different steps of peritectic 

solidification occur at different places, and proceed in different directions relative to the thermal 

gradient, which is oriented downwards in Figure 2.1(b).  

 

 

Figure 2.1. (a) Iron-carbon phase diagram showing peritectic steels (shaded) and their phase 

transformations; (b) schematics of the peritectic reaction and subsequent peritectic 

transformation.  

 

In this paper, the proposed mechanisms of peritectic solidification are reviewed in detail 

and then the effects of peritectic solidification on surface quality, austenite grain size, hot 

ductility, segregation, and crack formation of cast product is discussed. But first, the different 

calculations used to identify peritectic steel grades from their compositions are summarized.  
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2.3 Identification of Peritectic Steels 

As casting of peritectic steels is difficult, it is important to identify a peritectic steel from its 

composition. If a new grade of steel is predicted to be a peritectic, then appropriate actions can 

be taken at the caster, such as applying appropriate mold powders with high solidification 

temperature to lower the surface cooling rate [136-138], and / or casting at a lower speed [117] 

Low-alloy commercial steels can be characterized by their carbon content, with corrections 

according to the other alloying elements. Predicting the occurrence of the problematic peritectic 

transformation in high-alloy steels is more difficult, and involves the relative amounts of more 

than one other elements , (such as carbon, nickel, and chromium in stainless steels [139], or in 

AHSS [140, 141].) 

In the Fe - C phase diagram for low-alloy steels, shown in Figure 2.1, four different 

solidification behaviors can be categorized according to their effective carbon content. These 

include range I, for effective carbon content less than point CA, range II for carbon between CA 

and CB, range III for carbon between CB and CC, and range IV, for carbon above CC. Steels in 

range II are known as peritectic steels and are the most difficult to cast because they experience 

transformation from δ to γ that coincides with the final stage of solidification. While in range I, δ 

to γ transformation starts and ends in the solid state. In range III, the transformation occurs in the 

presence of liquid and in range IV, the steel solidifies as austenite so the δ to γ transformation 

does not take place at all and there is no contraction.  

The position of points CA, CB and CC in the pseudo-binary phase diagram of Fe and 

effective carbon content have been defined in different ways in previous research. When carbon 

is the only significant alloying element, Point CA is given between 0.088 wt. pct C* to 0.1 pct C 

point CB ranges from 0.16 pct C to 0.18 pct C [141-143] and CC is about 0.53 pct C [142]. The 
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position and temperature of points CA, CB and CC change significantly according to the alloy 

content, however. Alloying elements change the effective carbon content, and are classified as 

either ferrite formers, which tend to shift the points to the right (higher carbon) or austenite 

formers, which have the opposite effect. Increasing alloy content also extends the ternary (L+ δ + 

γ) phase region in Figure 2.1 Different experiments [141, 144-148] have been conducted to 

determine if a steel exhibits peritectic behavior, and different empirical equations [149-154] have 

been proposed to predict this, as discussed in the next sections.* 

2.3.1 Experimental Measurements  

Differential scanning calorimeter (DSC) measurements can identify the temperatures of 

phase transformations in steels [155-160], based on detecting the accompanying small changes in 

enthalpy. This includes the ability to identify peritectic steel grades from the distinctive second 

peak in their enthalpy rate – temperature profile during cooling [145, 147, 148, 161]. Confocal 

microscopy, discussed in Section III can augment the DSC measurements by visualizing these 

phase transformations [161]. The ultimate test is behavior in the commercial caster, where 

peritectic steels experience more variations and defects than other steels, as discussed in Section 

IV. 

All alloys show a large peak in the DSC curves at high temperature during the phase 

transformation between the molten steel and either delta-ferrite or austenite [145]. The peritectic 

reaction, when present, generates a significant second peak, at the lower “peritectic temperature” 

[145, 161] because it involves austenite forming at the expense of liquid, in addition to delta 

ferrite. This second peak may not appear in DSC cooling curves, however, if the cooling rate is 

                                                           
* All alloy compositions in this paper are given in weight pct 
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too high, for reasons discussed later [145, 161].  The solid-state transformation from delta ferrite 

to austenite has a small third peak [145, 161]. which is often difficult to detect. 

 

 

Figure 2.2. The DSC measurement of different steel grades. Reprinted with permission from 

reference [141].  

 

As an example, Figure 2.2 shows typical DSC results for four steels [141], which are 

supported by high-temperature confocal laser scanning microscopy (HT-CLSM) observations. 

Figure 2.2 shows one heating curve for a typical non-peritectic steel, (top left frame with 0.08 

pctC), so there is no significant enthalpy peak before melting. The other 3 frames in Figure 2.2 
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all show a second large, sharp peak due to the peritectic reaction, indicating that these are all 

peritectic steels. This includes a new advanced high-strength steel, (lower right frame with 2 

pctAl), which is not correctly identified as being peritectic by current models, which are 

discussed in the next section.  

2.3.2 Calculation Methods 

Several different methodologies have been proposed to predict if a steel is a peritectic, 

based on its exhibiting adverse solidification behavior, such as susceptibility to depressions and 

cracks. These methods include empirical equations based on an equivalent carbon content range, 

alloy-dependent critical points, ferrite potential, and CALculation of PHAse Diagrams 

(CALPHD) methods. These are discussed in turn below. 

2.3.3 Carbon Equivalent Range Method 

Several different models have been proposed to predict if a steel exhibits peritectic 

behavior based on calculating the carbon equivalent (CP) of the steel alloy. If the calculated 

carbon equivalent is between a critical range, such as falling between CA= 0.09 pct C and CB= 

0.17 pct C (peritectic region in Figure 2.1) then the steel is considered to be peritectic and its 

sensitivity to depressions and cracks is high. Wolf  [151] proposed the following equation for 

carbon equivalent.  

CP = [C] + 0.02[Mn] + 0.04[Ni] – 0.1[Si] – 0.04[Cr] – 0.1[Mo]                                        (2.1) 

where brackets contain weight percent of alloying elements. Howe [162] proposed the 

following alternative. 

CP = [C] + 0.04[Mn] + 0.1[Ni] + 0.7[N] – 0.14[Si] – 0.04[Cr] – 0.1[Mo] – 0.24[Ti]          ( 2.2) 

Xia et al [149] suggests the following equation for calculation of carbon equivalent.  
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CP = [C] + 0.02[Mn] – 0.037[Si] + 0.023[Ni] – 0.0189[Mo] – 0.7[S] + 0.0414[P] + 0.003[Cu] – 

0.0254[Cr] – 0.0267[Ti] + 0.7[N]                                                                                             (2.3) 

Normanton and other researchers at Trico Steel and British Steel [163] proposed two more 

equations for the calculation of carbon equivalent [163],  

CP = [C] + 0.01[Mn] + 0.009[Si] + 0.02[Ni] + 0.003[Cr] – 0.007 [Mo] + 0.009 [V] + 0.008[P] + 

0.147[S] + 0.5[N] + 0.007[Cu] + 0.007[Ti] + 0.05 [Al] + 0.04 [Nb]                                      (2.4) 

 

CP = [C] + 0.043[Mn] – 0.14[Si] + 0.1[Ni] – 0.083[Cr] – 0.063 [Mo] – 0.13 [V] + 0.029[P] + 

0.11[S] + 1.06[N] + 0.037[Cu] – 0.024[Ti]                                                                            (2.5) 

As can be seen in Eqs. 1-5, the equivalent weight concentrations of austenite-forming 

elements (Mn, Ni, Cu, and N) are added to the C content and the ferrite-forming element Mo is 

subtracted, as expected.  The elements P, Al, and Nb are ferrite-forming elements [164], yet their 

terms are added to the C content in several equations. The effects of Si, Cr, Ti, V, and S are not 

consistent between equations. 

2.3.4  Alloy Dependent Critical Points Method 

Blazek et al [165] proposed a different method, defining a steel as peritectic when its 

carbon content is between CA and CB, which change with alloy composition as follows: 

CA = 0.0896 + (0.0458 ×Al) – (0.0205 ×Mn) – (0.0077× Si) + (0.0223 ×Al2) – (0.0239× Ni) + 

(0.0106 ×Mo) + (0.0134× V) – (0.0032× Cr) + (0.00059× Cr2) + (0.0197 ×W)                    (2.6) 

 

CB = 0.1967 + (0.0036×Al) - (0.0316×Mn) - (0.0103×Si) + (0.1411× (Al)2) + (0.05× (Al×Si)) 

– (0.0401×Ni) + (0.03255×Mo) + (0.0603×V) + (0.0024×Cr) + (0.00142×(Cr2) – (0.00059× 

(Cr×Ni)) + (0.0266×W)                                                                                                         (2.7) 

This relation, which was based on thermodynamic calculations with Thermocalc [166] is 

reported to be accurate for many steel grades [165], and has successfully been implemented into 

several steel plants to enable appropriate choice of mold powder and casting practice [165]. 
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 However, this relation may be inaccurate for steels with high Si content. The sign of the Si 

term in the effective carbon equations is negative (shift CA to the left), which may be opposite to 

expectations, so this term is controversial. Other studies [152] have confirmed that increasing 

Mn shifts the peritectic range to the left and agree with Blazek [165] that Al shifts the peritectic 

range to the right. Those studies also found that S shifts the peritectic range to the left and P 

shifts it to the right [152]. Clearly, there is still some disagreement regarding the effects of 

several elements on peritectic formation.  

2.3.5 Ferrite Potential 

Wolf introduced the term, “ferrite potential” as a measure of the extent of peritectic 

behavior experienced with a given steel alloy [151]. “Ferrite potential” is also defined as the 

solid fraction of primary ferrite during solidification. Using the ferrite potential concept, steels 

can be categorized into depression-sensitive and sticker-sensitive grades. Peritectic steels are 

depression sensitive, owing to their greater shrinkage, and tend to suffer from deep oscillation 

marks and uneven shell growth, leading to surface cracks and other defects, as discussed in 

Section IV. Non-peritectic steels are more sticker-sensitive, tending to stick to the mold walls, 

which leads to a higher risk of sticker breakouts [167-169]. Although the ferrite potential is 

affected most by the carbon content, it is also affected by other alloying elements [151]. Some 

elements stabilize the austenite (Ni, Mn, Co, N and Cu) while others are believed to stabilize the 

ferrite (Cr, W, Mo, Al and Si)[164]. For low-alloy steels, the ferrite potential (FP) can be 

calculated as follow [151]: 

FP = 1.25 –2.5×[CP]                                                         ( 2.8) 

Here CP is carbon equivalent and is calculated using Eq. 2.1, where 0<FP<1, indicates that 

the peritectic reaction takes place during solidification. When FP is in the range of 0.85–1.05 
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(peritectic behavior range), the tendency for depressions, crack formation and uneven shell 

growth is high. Steels in this range are depression-sensitive grades (steel type A) and steels 

outside this range (FP < 0.85 or FP > 1.05) are sticker-sensitive grades (steel type B) [151]. The 

effect of ferrite potential on the tendency of depression formation is shown in Figure 2.3.  

 

 

Figure 2.3. Ferrite potential indicator of peritectic steel behavior showing sensitivity of these 

(type A) steels to depressions, contrasted with sticking tendency of other (type B) steels. 

Redrawn with permission from reference [151]. 

  

Sarkar et al [154] generalized the Wolf ferrite potential for peritectic solidification by 

including the effects of alloying elements on the CA, CB and CC points, as follows:  

CA = 0.0927+ (0.0471×Mn) – (0.0859×Si) – (0.0237×Ni) – (0.5429×S) – (0.3553×N) – 

(0.0361×Ti) – (0.0136×Nb) + (0.0106×V) + (0.1097×Mn× Si) – (5.6239×Mn×S) – 

(0.0165×Mn2)                                                                                                                           ( 2.9) 

CB = 0.1716 – (0.0589×Mn) – (0.1776×Si) – (0.0053×Cr) – (0.0410×Ni) + (0.0473×Al) –

(0.9453×S) – (0.0160×P) – (0.6884×N) + (0.0283×Ti) – (0.0147 ×Nb) + (0.0285×V)+ 

(0.2342×Mn×Si)                                                                                                                      (2.10) 

CC = 0.5274 – (0.0124×Mn) – (0.1424×Si) – (0.0154×Cr) – (0.0981×Ni) + (0.0934×Al) – 

(0.3871×S) – (0.0533×P) – (2.0916 ×N) + (0.1226×V) + (0.2363×Mn×Si) + (0.0729×Mn×P) 

– (0.0729×Mn2)                                                                                                                       (2.11) 
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Using the same form as Wolf [151], they [154] redefined ferrite potential as follows:    

𝐹𝑃 =  
𝐶𝐶−[𝐶]

𝐶𝐶−𝐶𝐴
                                                                (2.12) 

where [C] is the carbon weight percentage. When 
𝐶𝐶−𝐶𝐵

𝐶𝐶−𝐶𝐴
< 𝐹𝑃 < 1 the steel is a 

depression-sensitive, or “peritectic”, grade and when 0 < 𝐹𝑃 <
𝐶𝐶−𝐶𝐵

𝐶𝐶−𝐶𝐴
 or 𝐹𝑃 > 1 the steel is a 

sticking-sensitive grade. This new ferrite potential criterion [154] has same critical range to 

define peritectic behavior as the Blazek method, CA < [C] < CB.  This equation also matches the 

Wolf ferrite potential equation, for low alloy steels containing Mn, Si, Ni, Cr, and Mo, without 

considering Sulfur.  

2.3.6 Calphd Method 

Calculation of multicomponent phase diagrams using commercial thermodynamics-based 

software like ThermoCalc [170] is an important tool for help in identification of peritectic steels. 

Such modeling tools are better suited for high alloy steels than the pseudo-binary assumption 

inherent in the empirical models presented in the previous sections. However, the accuracy of 

these software tools depends on their databases, which have been developed only for a limited 

set of conditions. Furthermore, reliable criteria are still needed to infer peritectic behavior from 

the phase diagram predictions. To do this, fundamental understanding of peritectic behavior is 

needed, which is reviewed next. 

2.4 Mechanisms of Peritectic Solidification 

 Peritectic solidification has been investigated by many researchers [30-37] and different 

mechanisms have been proposed to explain the details of this phenomenon. These include 

thermal  diffusion of solute atoms [35], and / or re-melting of delta ferrite [38], to explain the 

peritectic reaction and diffusion or massive transformation to explain the peritectic 



 

25 
 

transformation [36, 37, 39-41]. Many models [30-33] assume that the peritectic reaction and 

transformation are both controlled by the diffusion of solute atoms, especially carbon in plain-

carbon steel and nickel in alloy steels. Some measurements, by diffusion-couple [34] and 

directional solidification experiments [40], agree with these diffusion-controlled models. 

However, other experimental studies [35, 38, 39, 41-43] have shown that the rates of the 

peritectic reaction and transformation are very fast, especially γ -austenite layer growth along the 

liquid/δ -ferrite interface in the peritectic reaction, and especially under realistic, non-equilibrium 

conditions. Recent phase field simulations suggest that these high rates can be explained by 

diffusion [44-46]. Other researchers claim that these observations cannot be explained by 

diffusion mechanism(s) alone, and have suggested other mechanisms, including micro-scale heat 

transfer and fluid mixing involving delta-ferrite re-melting [35, 38, 41], and massive 

transformation [38, 47-51]. In the following sections, different proposed mechanisms for the 

peritectic reaction and peritectic transformation in steels are discussed in turn, after introducing 

the experimental methodologies used to obtain supporting measurements for these mechanisms 

and their models. 

2.4.1 Experimental Methods for Studying Peritectic Solidification  

Four experimental methods have been widely used to study peritectic solidification, 

including the solid/liquid diffusion couple experiment, high-temperature confocal laser scanning 

microscopy (HT- CLSM), X-ray imaging, and directional solidification.  

In the solid/liquid diffusion couple experiment [34, 171-175], a steel alloy is melted in a 

crucible and then is slowly cooled down to a specific temperature (for example 1696 K) to 

crystallize a small amount of the austenite, leaving residual liquid with an equilibrium carbon 

content at peritectic point. Then, a sample of a different steel alloy (δ-ferrite) from a lower 
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temperature furnace is positioned just above the alloy already in the crucible. The two alloys are 

then brought into contact with each other for a preset length of time, forming a diffusion couple, 

before rapidly dropping into ice water. A longitudinal cross section is etched to reveal the 

solidification microstructure, and the thickness of the austenite formed between the regions 

formerly containing δ-ferrite and liquid, as well as measuring the carbon distribution. Although it 

is a powerful technique to investigate solidification under isothermal conditions [176, 177], other 

methods are needed for realistic high cooling rates.        

High-temperature confocal laser scanning microscopy (HT-CLSM) [141, 155], is a 

powerful improvement to the conventional optical microscope that focusses a laser beam into a 

small area on the surface of a high-temperature sample of molten steel [39, 41, 161, 178-180]. 

While carefully cooling at a desired rate, solidification on the liquid surface can be observed by 

building up images pixel-by-pixel from photons emitted from the fluorophores. The different 

solid and liquid phases can be distinguished due to their emissivity differences. HT-CLSM can 

operate at high temperatures (over 1800 ˚C), has controllable depth of field [181, 182] and high 

resolution (0.15 μm) [183]. It can record high-frequency images in real time for realistic cooling 

rates (eg 3000˚C/min)[183] and sample sizes (eg. 8 mm) [183]. Even though only the surface can 

be seen, the ability of HT-CLSM to visualize peritectic solidification in-situ and in real time is 

revolutionizing our understanding of the phenomenon.  

Time-resolved X-ray imaging has recently been applied to investigate solidification of 

steels [43, 184-186]. In a synchrotron radiation facility, hard X-rays with photon energy ranging 

from 10 to 100 keV can penetrate through the bulk metallic material to obtain X-ray images.  

These systems feature high contrast, high-resolution images due to monochromatic light, high 

coherency, and high brightness. X-ray imaging has the big advantage over HT-CLSM of being 
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able to observe the real three-dimensional microstructure evolution inside the bulk volume of the 

sample [185].  

Finally, directional solidification is a laboratory process in which molten metal is drawn 

downward at a controlled withdrawal speed, V, through a controlled temperature gradient, G 

[187-189]. Heating block temperatures beside the sample path are controlled to maintain steady-

state conditions in the moving sample in the frame of reference of the laboratory, with a 

stationary solidification front located between the hot zone towards the top of the apparatus and 

the cold zone below. This continuous process enables controlled conditions for experimental 

measurements of solidification, which include the concentration and microstructure profiles. 

Although the thermal field tends to stabilize the process, the concentration field may produce 

fluid flow and morphological instabilities near the solidification front, depending on how the 

liquid density varies with solute concentration [190]. These opposing effects may cause 

instabilities that equilibrate in amplitude, making this system an excellent vehicle for the careful 

study of phase transformation dynamics [191]. Due to its ability to control the local casting 

conditions, which may enable high thermal gradients [192] and deep supercooling [193-195], 

this technique is good for fundamental study of solidification behavior, especially when 

combined with X-ray imaging to observe the in-situ microstructure evolution [196, 197]. 

2.4.2 Diffusion Control Mechanism for Peritectic Reaction 

Many modeling and experimental investigations of the peritectic reaction in steel have 

concluded that it is controlled by the diffusion of solute atoms, especially carbon [34, 41, 48, 

171, 179, 198]. According to the equilibrium Fe - C phase diagram (Figure 2.1), at the peritectic 

temperature, delta-ferrite at only 0.1 pct C is in equilibrium with austenite at 0.18 pct C and 

liquid at 0.52 pct C. Growth of the austenite plate thus requires the rejection of solute (carbon) 
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into the liquid, which is proposed by many to be limited by the rate of solute diffusion through 

the liquid away from the region, specifically carbon in this case. As this peritectic solidification 

phenomenon occurs at high temperatures (1495℃ in Fe - C binary alloys), early experimental 

investigations were rare. Thus, early studies of peritectic solidification applied analytical models 

based on diffusion laws to study the peritectic reaction of steel [30-33]. 

Many models of the peritectic reaction have been developed to predict the growth rate of 

the austenite layer along the δ-ferrite / liquid interface during the peritectic reaction, which are 

based on solving Fick’s second law for the diffusion of solute atoms through the austenite phase 

and mass balances on solute transport across the interfaces [30, 31]. One analytical solution for 

the γ-platelet growth rate, 𝑉𝛾 [32] in a hypothetical binary Fe - m system, includes the effects of 

tip radius on the interfacial diffusion: 

𝑉𝛾 = (
9

8𝜋
) (

𝐷𝑚
𝐿

𝜌
) 𝜔2                                                       ( 2.13) 

𝜔 = 
Ω

1−
2Ω

𝜋
−

Ω2

2𝜋

                                                                    (2.14) 

Ω = 
(𝐶𝑚

𝐿/𝛾
−𝐶𝑚

𝐿/𝛿
)

(𝐶𝑚
𝐿/𝛾

−𝐶𝑚
𝛾/𝐿

)
                                                               (2-15) 

where 𝐷𝑚
𝐿  is the diffusion coefficient in the melt of the solute, m such as carbon [39] or 

nickel [198], through the liquid steel, 𝜌 is the tip radius of the edge of the growing austenite plate 

along the δ / L interface, (Figure 2.1(b)); Ω is relative dimensionless supersaturation of solute 

atoms in the liquid above equilibrium at the two interfaces; 𝐶𝑚
𝐿/𝛾

 and 𝐶𝑚
𝐿/𝛿

 are the solute atom 

concentrations in the liquid in equilibrium with the γ and δ phases respectively; and 𝐶𝑚
𝛾/𝐿

 is 

carbon concentration in the γ in equilibrium with the liquid. These diffusion models typically 

assume no barrier to γ-phase nucleation upon reaching the peritectic temperature [31]. This 
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model was extended to better consider surface tension and the capillarity (Gibbs-Thompson) 

effect between γ austenite and δ ferrite [32]: 

𝑉𝛾 =
27𝐷𝐿𝑅 𝑇(𝑘𝑓𝑒

𝛾/𝐿
−𝑘𝑚

𝛾/𝐿
)(𝐶𝑚

𝐿/𝛾
−𝐶𝑚

𝐿/𝛿
)

128 𝜋𝜎𝛿/𝛾𝑉𝑚
𝐿 (

𝛺

𝜔
)

3

                                      (2.16) 

where R is the gas constant; 𝑘𝑓𝑒
𝛾/𝐿

 and 𝑘𝑚
𝛾/𝐿

are the partition coefficients of iron and solute 

respectively at the L/γ interface; σδ/γ is the surface tension between δ and γ and is equal to the 

interface elastic strain energy per unit area at the interface between δ and γ; and 𝑉m
Lis the molar 

volume of the liquid steel. Lateral growth rate is strongly dependent on Ω, which determines by 

the shape of the phase diagram just below the peritectic temperature. The above calculations 

were conducted for an Fe - Ni binary system for different Ω values and the calculated growth 

rates agree reasonably well with measured growth rates [41].  

The peritectic reaction has been studied at different temperatures [34] using the method 

proposed by Ueshima et al [48]. The results showed that decreasing temperature increases the 

peritectic reaction rate [34]. This is suggested to be due to the significant increase in carbon 

concentration gradient in the interfaces of austenite with liquid and δ ferrite caused by decreasing 

temperature. The accompanying decrease in the diffusion coefficient is too small to offset the 

increase in concentration gradient [34].   

Images in Figure 2.4 from a HT-CLSM study of a hyper-peritectic alloy with 5.1 pct Ni 

[41], show that austenite appears at the triple point formed by the boundaries of two planar δ 

grains with the liquid. This austenite platelet grows very fast with lateral movement along the 

L/δ interface, and thickens as it simultaneously grows slowly into both the liquid and the δ 

ferrite. The measured lateral growth rate (peritectic reaction) increases from 30 to 145 μm/s with 

increasing cooling rate [41]. This sequence of peritectic reaction steps has been reported for 
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hyper-peritectic carbon steel (Fe - 0.42 pct C) [39] and for Fe - Ni systems [198]. Lateral growth 

(peritectic reaction) was much faster (2970 μm/s) in the Fe - C alloy than in the Fe - Ni alloy. 

This was attributed to the higher diffusion rate of carbon in Fe - C liquid than Ni in Fe - Ni liquid 

[39]. 

 

 

Figure 2.4. Lateral growth of γ at L/ δ interface in the early stages of the peritectic reaction of Fe 

- 4.86 pct Ni alloy. Reprinted with permission from reference [41]. 

 

In another experimental study on Fe - 4.7 pct Ni [179] observing the growth rate of 

austenite platelets during the peritectic reaction, it was concluded that the nickel diffusion field 

controlled the growing austenite plates, which is greatly influenced by the tip radius at the edge 

of the plate. Three regimes were observed for austenite growth along the δ-ferrite/liquid 

interface: (1) constant tip shape and velocity of two austenite platelets growing towards each 

other, while their diffusion fields are independent, (2) flattening tip shape and decreasing 
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velocity, when the plates approach each other, and their diffusion fields likely begin to interact; 

and (3) sudden distortion of the platelet tips, and increasing velocity, when the adjacent growing 

austenite tips interfere, indicating that their diffusion fields have drastically changed [179]. 

2.4.3 Delta-Ferrite Re-Melting Mechanism for The Peritectic Reaction  

Based on experimental observations, several researchers have concluded that the peritectic 

reaction velocity is very fast and thus cannot be controlled only by diffusion of carbon through 

the γ phase [35, 38, 41]. The re-melting of ferrite ahead of advancing γ phase during the 

peritectic reaction has been proposed by Hillert [199] as an important mechanism that controls 

the peritectic reaction. This phenomenon has been confirmed by experimental observations [35, 

38] and phase field simulations which include both diffusion and microscale heat transfer [46, 

200] and are discussed in the following paragraphs. 

 

 

Figure 2.5. Linearized Fe–C phase diagram showing phase compositions at different interfaces. 

(Solid black lines show equilibrium; dashed black lines show metastable extensions, and thick 

dashed red lines show undercooled conditions where peritectic reaction actually occurs). 

Reprinted with permission from reference [35]. 
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Hillert [199] proposed that re-melting of the δ-ferrite interface occurs near the δ / γ /L triple 

point near the edge of the growing austenite platelet tip. Furthermore, this re-melting was 

proposed as evidence for a new mechanism for control of the peritectic reaction rate. During 

cooling from above the peritectic reaction temperature, the formation of austenite with 

composition of 𝐶γ
𝐿 causes the rejection of carbon into the liquid ahead of austenite plate which is 

growing along the L/δ interface. 

 

 

Figure 2.6. HT-CLSM images of the peritectic reaction in Fe – 0.18 pct C, (a) start of peritectic 

reaction, (b) initiation of austenite layer at liquid/δ-ferrite interface, (c) growth of austenite layer 

along that interface, (d) close-up of austenite layer showing re-melting of delta-ferrite ahead of 

its growing edge, (e) schematic of previous frame. Reprinted with permission from reference 

[35]. 
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In this situation, the carbon concentration at the L/γ interface (𝐶𝐿
γ
) is higher than the carbon 

concentration at the L/δ interface (𝐶𝐿
δ), as shown in Figure 2.5. The δ ferrite is in contact with 

liquid which is enriched with carbon (above the equilibrium concentration) so it leads to some 

re-melting of ferrite. 

Recent experiments [35] by in-situ HT-CLSM observation (Figure 2.6) obtained visual 

evidence of this proposed mechanism for the peritectic reaction, in which a thin austenite plate 

grows along the interface and re-melting of ferrite takes place at the edge of the growing 

austenite platelet. This landmark experimental observation revealed that the tip velocity at the 

edge of the growing austenite layer is in the range of 1.4× 103 μm/s to 12.5× 103 μm/s. These 

researchers argued that this rate is higher than that can be explained by diffusion of carbon alone, 

and that the rate limiting step in the peritectic reaction is dissipation of the latent heat of 

transformation, rather than carbon diffusion [201]. Although these experimental observations are 

very clear, other mechanisms cannot be dismissed, because surface phenomena might affect the 

behavior being visualized on the surface in these microscope images, relative to that in the bulk 

volume interior of the sample and the real process. 

The analytical model in Eq. 2.13-2.15 was used to calculate the growing velocity of an 

austenite plate [35] due to carbon diffusion, and even for a very low tip radius of 0.15 μm, the 

predicted tip velocity was much lower than the experimentally observed rate in an Fe - C system 

[35] of 400 - 12500 μm/s at high undercooling. Thus, it was concluded that the peritectic reaction 

is not controlled by carbon diffusion alone [35]. 



 

34 
 

Considering the latent heat of transformation, the re-melting of delta-ferrite was proposed 

to improve the prediction of the reaction rate. Growth rates were calculated using the following 

equation for directional solidification [202]: 

𝑉𝑚𝑎𝑥 =
𝐾𝑠𝐺𝑠

𝜌𝐿
                                                               (2.17) 

where 𝐾𝑠 is the thermal conductivity, taken for δ ferrite, 𝐺𝑠 is the thermal gradient in the 

solid (K/m), ρ is density, and L is the latent heat of fusion, taken to be 62.8 kJ/kg for peritectic 

transformation in this 0.18 pct C alloy, The calculated growth rates of the austenite platelet with 

and without considering re-melting are compared in Figure 2.7. Without considering re-melting, 

the tip velocities are 19 to 855 μm/s for thermal gradients of 1 to 45 K/mm, which are 

considerably lower than the measured velocities. Including 50 kJ/kg of latent heat released by 

austenite formation to remelt some of the delta-ferrite, the calculated reaction velocity increased 

to 315-12500 μm/s, which is in the range of the measurements. 

  

 

Figure 2.7. Calculated growth rates of an austenite platelet along the liquid/delta-ferrite interface 

with and without consideration of delta-ferrite re-melting. Reprinted with permission from 

reference [35]. 
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Based on these findings, an alternative mechanism for the peritectic reaction was proposed. 

Some of the latent heat released by the austenite formation could remelt some nearby ferrite. 

Then, instead of requiring diffusion to transport carbon away from the solidifying austenite tip, 

the remelted delta ferrite (0.1 pct C) mixing with the enriched liquid (0.52 pct C) ahead of the 

austenite tip (0.18 pct C) could produce liquid at roughly the required composition for the solid 

austenite. The austenite tip therefore can grow into liquid at about the same composition, without 

the need for much carbon diffusion. This would enable the high austenite growth rates observed.  

The re-melting phenomenon has also been observed by other HT-CLSM experiments [38]. 

A sequence of events during intermittent austenite growth in a Fe - 0.43 pct C alloy near 

equilibrium is shown in Figure 2.8, with a schematic illustrating the expected temperature 

evolution provided below.  

 

 

Figure 2.8. Sequence of events during incremental growth of γ in a Fe - 0.43 pct C alloy, 

showing temperature and microstructure at different times. Reprinted with permission from 

reference [38]. 
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To explain the discontinuous growth in this figure, these authors argue that the re-melting 

of δ –phase occurs first and causes the sudden γ plate growth. When temperature is relatively 

constant, all three phases are proposed to be in equilibrium and no diffusion takes place (Figure 

2.8 top frames 1,3,5, and 7). Decreasing temperature creates a driving force for diffusion. In both 

Fe - C and Fe - Ni systems, this driving force is much higher for the solute atoms than for the 

iron atoms. Thus, the partitioning of solute atoms occurs first and causes re-melting of some δ–

ferrite phase (Figure 2.8 top frames 2,4,6 with dashed lines and temperature drops). After a 

certain amount (length dL) of δ has re-melted, the γ phase grows into the re-melted region.  

This mechanism agrees with Hillert [199] but contrasts with Phelan et al [35] who believe 

that the re-melting of δ ferrite takes place due to the dissipation of latent heat released during the 

growth of the γ. The re-melting phenomenon has been also reported in peritectic solidification of 

Fe - Ni alloys [41]. 

The δ-ferrite re-melting phenomenon has been confirmed by several phase field modeling 

studies [45, 203-205]. For example, Figure 2.9 shows how the δ/γ/L triple point and associated 

interfaces move during γ growth at different undercoolings [46]. In addition to a sharper tip 

radius, increasing undercooling causes the δ / L interface near this junction to move toward the δ 

phase, which indicates some re-melting of the delta region. 
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Figure 2.9. Shape of interfaces calculated near the triple-point junction during the peritectic 

reaction at different undercoolings. Reprinted with permission from reference [46]. 

 

In another phase-field modeling study [200] of the peritectic reaction focusing on the L/δ/γ 

triple point, the liquid region expands towards the δ ferrite, as shown in Figure 2.10, again 

indicating melting of the δ-phase in front of the growing γ platelet. This melting reduces the local 

supersaturation, which enhances growth of the γ platelet. Thus, it appears that the peritectic 

reaction is controlled by a complex mechanism that involves microscale heat transfer that causes 

some re-melting of δ ferrite near the tip of the advancing γ platelet, and mixing of solute in the 

liquid phase, in addition to solute diffusion. 
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Figure 2.10. Phase field simulation of tip region of the growing γ platelet, where L represents the 

original liquid region, and 𝐿՛ represents the liquid region formed by melting some δ phase. 

Reprinted with permission from reference [200]. 

 

2.4.4 Diffusion Control Mechanism for Peritectic Transformation 

Many researchers have proposed that the peritectic transformation in steel is controlled by 

diffusion [32-34, 38, 206, 207]. The austenite layer initially grows laterally along the L/δ 

solidification front, and locally replaces the L/δ interface with a thin layer of austenite, which is 

the peritectic reaction discussed in the previous sections. After the L/δ/γ triple-point junction has 

moved past, the remaining γ layer thickens by growing into both the solid δ and into the liquid. 

This transformation of the delta ferrite and liquid to austenite, which takes place by solid state 

phase transformation on one side of this layer (δ→ γ), and the direct solidification of austenite on 

the other side (L→ γ), is referred to as the peritectic transformation. In the mechanism discussed 

in this section, the growth of both sides of the austenite layer is controlled by diffusion. 
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Fredriksson and Nylén [33] proposed that the peritectic transformation is controlled by 

diffusion of solute from the melt to the δ ferrite through the γ austenite layer. They derived a 

theoretical model for the thickening rate of γ during the peritectic transformation (F-N model) 

assuming that (1) the peritectic transformation is controlled by diffusion and proceeds at a low 

undercooling; (2) the interface concentrations are in equilibrium; (3) the concentration gradients 

are linear in all three phase regions: 

𝜕𝑑𝛿/𝛾

𝜕𝑡
=

𝐷𝛾

𝑑𝛾
(

𝐶𝑚
𝛾/𝐿 

−𝐶𝑚
𝐿/𝛾

𝐶𝑚
𝛾/δ 

−𝐶𝑚
δ/𝛾 )                                                (2.18) 

𝜕𝑑𝐿/𝛾

𝜕𝑡
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𝐷𝛾

𝑑𝛾
(

𝐶𝑚
𝛾/𝐿 

−𝐶𝑚
𝛾/δ 

𝐶𝑚
𝐿/𝛾

−𝐶𝑚
𝛾/𝐿 )                                                (2.19) 

where 
𝜕𝑑𝛿/𝛾

𝜕𝑡
 and 

𝜕𝑑𝐿/𝛾

𝜕𝑡
 are the growth rates of γ toward δ and toward the melt, respectively; 

𝑑𝛾 is the instantaneous γ layer thickness; 𝐷𝛾 is the diffusion coefficient in γ; 𝐶𝑚
𝛾/𝐿 

 and 𝐶𝑚
𝐿/𝛾

 are 

the equilibrium concentrations of solute m in γ and in the melt at the L/γ interface, respectively, 

and 𝐶𝑚
𝛾/δ 

 and 𝐶𝑚
δ/𝛾 

 are the corresponding equilibrium concentrations in γ and in the δ ferrite at 

the δ/γ interface. Other researchers [206, 208-211] proposed similar analytical diffusion-based 

models for describing peritectic transformation in different alloys. 

The F-N model was used [207] to calculate γ platelet growth due to carbon diffusion during 

the peritectic transformation in Fe - C systems. At an undercooling of 5°C below the peritectic 

temperature, and a cooling rate of 1℃/min, the calculated growth rate with this model agreed 

well with experimentally-observed growth rates for Fe-0.42 pct C, as shown in Figure 2.11 

[207]. Although the F-N model agrees reasonably well with measurements at low undercoolings 

for Fe - C alloys,[38] at high undercooling the F-N model predicts considerably slower growth 

rates than measured.[34, 171]  
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Figure 2.11. Calculated and observed migration of the γ layer toward δ and toward the melt 

during the peritectic transformation of Fe - 0.42 pct C alloy. Reprinted with permission from 

reference [207]. 

 

In the F-N model it is assumed that there is complete mixing of solute in both the primary 

liquid and in the δ phase. This assumption may be reasonable for isothermal conditions or low 

cooling rates. However, when the cooling rate is fast, there is a substantial solute buildup in the 

liquid ahead of the γ/L interface, creating a solute gradient in the liquid. A diffusion controlled 

analytical model of isothermal peritectic transformation was developed that considers solute 

diffusion in all three phases including this liquid solute gradient and reported good agreement 

with measurements [212].  

Experiments using the solid/liquid diffusion coupled method measured [34] austenite plate 

thickness growth, based on etching to resolve the prior L/γ and γ/δ interfaces. The measured 

growth of the austenite plates with time, while holding at 1696 K is shown in Figure 2.12. 
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Figure 2.12. Growth process of austenite phase at 1696 K. Reprinted with permission from 

reference [34]. 

 

The increase in measured thickness, x, fits roughly with the theoretical exponent of 0.5 for 

diffusional growth: 

𝑥γ/L = 5.4𝑡0.57                                                         (2.20) 

𝑥γ/δ = 80𝑡0.5                                                          (2-.21) 

𝑥𝑡 = 85.7𝑡0.5                                                            (2.22) 

where t is time (s), 𝑥γ/L and 𝑥γ/δ are the thickness (μm) of the γ-phase solidified from the 

liquid phase and transformed from the δ-phase, respectively, and xt is the total thickness of the γ 

platelet. The measured growth rates in this experiment match the calculated growth rates, based 

on the diffusion-controlled mechanism [32]. 

These curve-fits of measured results show that during peritectic transformation, the γ/δ 

interface does not move until carbon concentration at this interface increases, according to the 
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solid-state partitioning observed between the solvus lines in the phase diagram (Figure 2.1). This 

solute buildup requires carbon atoms to diffuse from the liquid phase through the γ-phase to this 

γ/δ interface. As shown in Figure 2.13, when carbon concentration in the ferrite is less than 0.09 

pct C, the interface moves very slowly until carbon concentration reaches saturation 

(equilibrium) at the interface. The growth rate then follows the classic parabolic growth (0.5 

exponent function) expected for diffusion-controlled systems. 

 Other investigations of this peritectic transformation have confirmed this growth 

relationship with the square root of time using measurements based on HT-CLSM observations 

[38, 47]. The rate constant, 85.7 μm/√𝑠 in Eq. 2.22, actually depends on the diffusion coefficient 

of carbon in austenite, and the difference of carbon concentration at the δ/γ and γ /L interfaces.  

 

 

Figure 2.13. Measured movement of the γ/δ interface during the peritectic transformation at 1763 

K for various initial carbon contents in the δ-phase. Reprinted with permission from reference 

[34]. 
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HT-CLSM has also been used to measure isothermal peritectic reaction rates in Fe - Ni 

systems and compared with model predictions [198]. Observations showed that increasing 

undercooling caused increasing reaction rates. With low undercooling, the diffusion coefficient 

is high, so the driving force due to undercooling controls the reaction rate [198]. At high 

undercooling, however, the reaction rate decreases due to decreasing diffusion coefficient, which 

comprises a diffusion-controlled regime. These trends were confirmed by calculations with 

another diffusion model [30] but that model considerably underpredicted the measurements. This 

was attributed to inaccurate diffusion coefficients in the molten metal and the neglect of 

diffusion in the solid. 

 

 

Figure 2.14. Effect of cooling rate on the relationship between total austenite platelet thickness 

and square root of cooling time. Reprinted with permission from reference [213]. 
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Diffusion couple experiments showed that [213, 214] increasing cooling rate increased the 

migration rate of both δ/γ and L/γ interfaces. For all cooling rates, the δ/γ interface moved much 

faster than the L/γ interface [34]. This has been attributed to the smaller difference in carbon 

concentration at the δ/γ interface. Figure 2.14 shows that at higher cooling rates, the total 

austenite thickness growth rates exceed the square root of cooling time relationship expected 

from simple diffusion. 

It has been experimentally shown that the peritectic transformation in steel can be very fast 

and thus difficult to explain by diffusion alone [36, 39]. This implies that the peritectic 

transformation might be controlled by other mechanisms. Many researchers have used phase-

field modeling to investigate these possibilities.  

Phase-field models have become an efficient method to simulate phase boundary evolution 

during phase transformations [215-219]. Phase-field models are based on minimizing total free 

energy everywhere in a highly refined computational grid of a representative solidifying domain, 

including bulk free energy, interfacial energy, and elastic strain energy. Its advantages over other 

methods include its ability to calculate the microstructure morphology, without needing to track 

the location of assumed interfaces, and to include the diffusion of multiple solute elements [215]. 

Earlier works [34] found that the δ/γ interface moves faster than the L/γ interface, as 

already mentioned. But phase-field simulations predict that increasing cooling rate from 10 to 

100 K/min should cause this trend to reverse [49, 201], so at 100 K/min the L/γ interface moves 

faster. This is due to changes in the solute profile in the liquid, as shown in Figure 2.15. A flatter 

solute profile is predicted at 10 K/min than at 100 K/min. According to the diffusion mechanism, 

the carbon flux from austenite to the liquid depends on the carbon diffusion coefficient and the 
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concentration gradient in the liquid, as per Fick’s Law. Early researchers ignored this change of 

carbon concentration in the liquid so do not predict this reversal in the growth rate trend.  

 

 

Figure 2.15. Comparison of simulated solute profiles at cooling rates of 10 K/min (left) and 100 

K/min (right), in an Fe- 0.18 pct C alloy, under a temperature gradient of 200 K/cm, at the 

initiation of the peritectic transformation. Reprinted with permission from reference [201]. 

 

 Peritectic solidification was simulated [44] using another phase-field model which showed 

that growth rates of the γ phase follow parabolic growth kinetics by focusing on the 

dependencies of the peritectic transformation on the values of the partition coefficient and solid 

diffusivities [220]. The distance travelled by each interface is governed by a parabolic law 𝑥𝑖𝑗 =

𝑎𝑖𝑗𝑡1/2 in which 𝑎𝑖𝑗 is a “parabolic” rate constant. The dependence of this parabolic rate constant 

on the partition coefficient (𝑘𝛿𝛾) is shown in Figure 2.16. 𝑎𝐿𝛾 is almost independent of partition 

coefficient, but 𝑎𝛿𝛾 decreases considerably as the partition coefficient increases. This is because 

the concentration difference at the γ/δ interface increases with increasing of 𝑘𝛿𝛾, while the value 

of 𝑘𝐿𝛾 has no effect on the concentration difference at γ/δ interface. By raising concentration 
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difference at the γ/δ interface, the amount of solute that must diffuse for δ/γ transformation 

increases, and consequently the migration distance of the γ/δ interface decreases. 

 

 

Figure 2.16. Dependence of parabolic rate constant, 𝑎𝑖𝑗, on partition coefficient, 𝑘𝛾𝛿. Reprinted 

with permission from reference [220]. 

 

The relationship between parabolic rate constant and diffusion coefficient is shown in 

Figure 2.17.  The rate constant at the γ/L interface is independent of solid diffusivity but the 

constant rate at the γ/δ interface decreases with decreasing solid diffusivity. Migration of the γ/δ 

interface was more sensitive to 𝐷δ than to 𝐷γ, due to the larger concentration gradient in the γ 

phase than in the δ phase. When the solid diffusivities are too small, the peritectic transformation 

rate is determined only by γ solidification. These authors conclude that the peritectic 

transformation is initially controlled by solid-solid transformation, and when the solid-solid 

interface velocity decreases, austenite plate thickens by direct solidification. 
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Figure 2.17. Dependence of parabolic rate constant on the diffusion coefficient. The diffusion 

coefficients, 𝐷δ and 𝐷γ, were defined as 𝐷δ=𝑞δ ·𝐷δ
𝑖  and 𝐷γ=𝑞γ ·𝐷γ

𝑖  , respectively, with 𝐷δ
𝑖 = 

4× 10−9and 𝐷γ
𝑖 =6.0× 10−10m2/s. Reprinted with permission from reference [220]. 

 

Additionally, isothermal peritectic transformation has been simulated for dilute Fe - C 

alloys, by focusing on a single γ-platelet growing into the L- and δ-phases [200, 212]. The 

interfaces were assumed to be in quasi-equilibrium and peritectic transformation governed by 

diffusion. The results matched expectations that by increasing undercooling, the tip growth 

velocity of platelet increases considerably, as seen in Figure 2.18. At the same time, the platelet 

thickness decreases. Experimental data for a Fe - 0.43 pct C alloy [36] are also included in this 

figure. Phase-field simulation of peritectic reaction and transformation in an Fe - Mn system 

[221] again indicated that diffusion was rate controlling. 
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Figure 2.18. Tip velocity of platelet as a function of undercooling. Reprinted with permission 

from reference [200]. 

 

2.4.5 Massive Transformation Mechanism for The Peritectic Transformation 

Massive transformation has been proposed as another explanation of the high velocities 

observed for the peritectic transformation [39, 41-43, 50, 222]. Massive transformation involves 

a change in crystal structure on an atomic scale without compositional partitioning or solute 

diffusion, and typically occur during rapid cooling [223, 224]. Massive transformations are 

observed when the competing equilibrium transformations involving solute diffusion are 

prevented (constrained), such as the austenite to alpha-ferrite transformation in steel at high 

cooling rates [225, 226]. Massive transformations are thermally activated, meaning that they 

proceed when a particular temperature is reached, more according to when the volume free 

energy of the new product phase is lower than the parent phase, more than when a certain 

diffusion-controlled compositional requirement is achieved. They require nucleation of the new 

phase and growth, due to the random migration of individual atoms across the interphase 
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boundary [227, 228]. and they involve length scales that are so short range that diffusion effects 

are very small [228]. Once nucleation takes place, the new phase grows at high velocities (up to 

1 to 2 cm/s) with approximately the same rate in all directions. The rate of massive 

transformation is between diffusional transformation rates (nm/sec) and the diffusionless 

martensitic transformation, which occurs at a velocity near to the speed of sound (~103 m/s) 

[164]. 

As discussed in earlier sections, the rate of peritectic solidification of steel in undercooled 

conditions is very high, and is claimed by some researchers not to be explained by the diffusion 

models discussed previously [39, 41-43, 50, 222]. The observed high transformation rates have 

been attributed to massive phase transformation from δ to γ or to direct solidification of γ from 

liquid. In fact, non-equilibrium conditions were proposed to constrain the nucleation of γ phase 

until considerable undercooling below the peritectic temperature and then upon nucleation, 

growth proceeds extremely fast. Different nucleation constraints and transformation mechanisms 

have been proposed and are discussed in the next sections.          

Peritectic solidification in Fe - 0.14 pct C alloys was measured [39] to be very fast (3.64 to 

5.45 mm/s) for the peritectic transformation (thickening of γ austenite to ferrite and liquid). The 

thickening rate of austenite is between 3.64 to 5.54 mm/s. Also the migration rate of the γ/δ 

interface was measured to be faster than the migration rate of the L/γ interface during the 

peritectic transformation. In Fe - 0.14 pct C the peritectic transformation was believed to be too 

fast to be controlled by diffusion [47], which was instead attributed to massive transformation. 

On the other hand, in Fe - 0.42 pct C, the peritectic transformation was believed to be controlled 

by diffusion [47]. No explanation was provided to explain the difference between these two 

alloys.      
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Others researchers [41] used HT-CLSM to study peritectic solidification in an Fe - 5.1 pct 

Ni system. Again, high peritectic transformation rates were observed and attributed to massive 

transformation. This was attributed to the primary δ-ferrite being a metastable phase which 

transformed massively to γ.  

Peritectic solidification in a medium-alloy steel [42] has been studied using directional 

solidification and thermal analysis. Segregation of chromium which was measured by EPMA 

appeared to cause direct solidification of austenite from liquid without a peritectic reaction [229]. 

Based on the alloy segregation pattern and presence of lattice defects and thermal analysis, these 

authors argue that the peritectic transformation where austenite precipitates directly from δ 

ferrite is a diffusionless transformation, which started at 5 K undercooling [42]. This 

transformation caused an observed sudden rise in temperature, followed by diffusion-controlled 

transformation. 

Yasuda et al [43] investigated peritectic solidification in a Fe - 0.45 pct C- 0.6 pct Mn- 0.3 

pct Si using a synchrotron radiation X-ray system. Two different mechanisms were proposed for 

solidification of this alloy according to the cooling rate. At 10 K/min, the first δ dendrite grows 

and later transforms to γ austenite, proceeding from the root to the tip of the dendrites, as 

illustrated in Figures 2.19(a) and (b). This transformation occurs in the mushy region and is 

essentially conventional, diffusion-controlled peritectic solidification. 

At a higher cooling rate of 50 K/min, however, the specimen initially solidified without γ 

phase formation and later after complete solidification, the δ grains all transform into γ phase in 

the solid state suddenly, within 1s. This transformation occurred 100 K below the liquidus 

temperature. Because the δ/γ phase transformation occurred in the single γ phase region, these 

researchers argued that solute redistribution was not required. The relatively large undercooling 
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suggested that γ nucleation was difficult, so the eventual peritectic transformation from δ to γ 

was governed by a massive transformation. Furthermore, the volume shrinkage of this 

transformation was suggested to induce melt flow to explain the white grooves in the specimen 

in Figure 2.19(d).  

 

 

Figure 2.19. X-Ray images of Fe - 0.45 pct C alloy solidification suggesting diffusion-controlled 

peritectic reaction at 10K/min (a) early time and (b) later time; and massive δ/γ transformation at 

50K/min (c) early time and (d) later time. Reprinted with permission from reference [43]. 

 

2.4.6 Nucleation Constrained Peritectic Solidification Mechanism  

As discussed above, massive transformation may occur when diffusional transformations 

are constrained, which may occur with high cooling rates and undercoolings. In this situation, the 
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delay of nucleation of the peritectic reaction step is proposed to combine it with the peritectic 

transformation step into a single massive transformation mechanism for peritectic solidification 

[41-43, 229]. Two different mechanisms have been proposed to constrain γ nucleation, to enable 

massive δ/γ transformation, which are discussed in the following subsections.  

1- Nucleation constraint due to high δ/γ interface energy 

Several researchers have recently proposed that massive transformation is the mechanism 

for peritectic solidification, due to the delay of γ nucleation in δ ferrite sufficiently to prevent the 

peritectic reaction, owing to high δ/γ interfacial energy [43, 222]. In-situ observations of 

peritectic solidification using synchrotron radiation X-ray imaging in Fe - 0.45 pct C- 0.6 pct 

Mn- 0.3 pct Si alloy were used to explain absence of a conventional peritectic reaction.  Instead, 

at cooling rates above 0.3 K/s, very fast solid state δ/γ transformation was observed [43]. The δ/γ 

massive transformation needs much higher undercooling than the peritectic reaction, which 

suggests that difficulty with γ nucleation was responsible for this undercooling. This nucleation 

difficulty was attributed to  poor lattice matching between BCC δ ferrite and FCC austenite 

[230]. Due to the high nucleation energy of 0.41 J/m2 needed to create the δ/γ interface [222], the 

peritectic reaction to form γ was prevented until high undercooling. Then, once the first austenite 

nucleus formed, the next nuclei of austenite grains form simultaneously.  

To investigate the δ-γ massive phase transformation mechanism, the nucleation of γ phase 

on various interfaces was investigated using phase-field modeling [222]. The simulation results 

showed that after the first austenite nucleus forms on the δ/γ interface, the driving force (energy 

barrier) needed to form each additional nucleus drops by half.  This suggests the eventual 

possibility of athermal nucleation, where there is no need for thermal activation. Heterogeneous 

nucleation onto existing γ phase is much easier than forming new nuclei. This is termed 
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concurrent γ phase nucleation, as sketched in Figure 2.20 [222]. Following initial nucleation at 

δ/δ grain boundaries, subsequent nuclei form onto the initial nuclei, where the energy barrier is 

lower, and later at triple junctions.  These predictions agree with in-situ observations of δ/γ 

massive transformation which measured average δ/γ interface velocities of 200 mm/s [51]. This 

accelerated nucleation mechanism deserves further study, including investigation of the role of 

solute redistribution, in order to clarify this massive transformation mechanism to explain 

peritectic solidification. 

 

 

Figure 2.20. Concurrent γ-phase nucleation as a possible mechanism of δ to γ massive phase 

transformation in carbon steel showing austenite nuclei at different times. Reprinted with 

permission from reference [222]. 

 

2- Nucleation constraint due to solute diffusion 

Many experimental studies have reported considerable undercooling for nucleation of 

austenite in peritectic solidification, and propose that delta to austenite transformation takes 

place by massive transformation, due to atomic diffusion through the solute field at the L/δ 

interface [36, 46, 231].  
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At non-equilibrium solidification conditions, there is a large solute gradient between liquid 

and δ ferrite. Prior to nucleation, clusters of atoms with an FCC crystal structure (austenite) are 

proposed to form within the solute diffusion field from liquid to δ ferrite and as solute atoms pass 

through these clusters, the rates of attachment and dissolution of atoms to the clusters differ. This 

flux of solute atoms through the cluster is proposed to increase its Gibbs free energy for γ 

nucleation, which increases the undercooling required for nucleation [50].  

This mechanism to explain the high undercooling for γ nucleation was investigated using a 

HT-CLSM coupled with a concentric solidification technique [50]. Fe - C and Fe - Ni alloys 

were examined for the same conditions and cooling rates (7 ℃/𝑠) and it was observed that even 

though the concentration gradient of nickel was ~10 X higher than that of carbon, the higher 

diffusivity of carbon (𝐷𝐶
δ=5×10-9 m2/s) led to a much higher flux 𝐽𝐶

δ=0.15 μm/s of carbon atoms 

compared to the flux 𝐽𝑁𝑖
δ =0.007 μm/s of nickel atoms (𝐷𝑁𝑖

δ =2.1×10-11 m2/s). Measurements have 

shown that the necessary undercooling for δ/γ phase transformation in Fe - C alloy is 8 K, 

whereas in the Fe - Ni alloy this undercooling is only 1 K, so peritectic solidification takes place 

by massive transformation and diffusion of solute atoms, respectively [50].  

The solidification of steels with 0.1 pct C, 0.18 pct C and 0.43 pct C was investigated using 

HT-CLSM [36], which noted the decrease in primary δ fraction with increasing C content. 

 Which leads to different solute gradients at the δ/γ interface and different undercoolings 

observed for γ nucleation. As shown in Figure 2.21, three different morphologies of peritectic 

transition were observed for the three steels, which were classified into three different 

solidification modes. In 0.43 pct C steel, the peritectic reaction takes place near equilibrium 

conditions at 63 μm/s, with a planar morphology, so is proposed to be diffusion controlled. For 
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0.18 pct C, the peritectic transformation proceeded with 3K undercooling at 6000 μm/s followed 

by cellular/dendritic growth. Finally, in 0.1 pct C steel, massive transformation of δ into γ 

occurred within a fraction of a second with 22K undercooling below the equilibrium peritectic 

temperature. These results were confirmed by other researchers [231]. 

 

 

Figure 2.21. Three different modes of the peritectic phase transition observed during concentric 

solidification in a HT-CLSM: (a) planar (diffusion-controlled), (b) coarse cellular/dendritic 

(diffusion-controlled) and (c) fine cellular/dendritic (massive transformation). Reprinted with 

permission from reference [36]. 

 

2.5 Effects of Peritectic Solidification 

Understanding peritectic solidification in steels is of great practical importance, because 

peritectic solidification causes many different problems during commercial casting processes 
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such as continuous casting. These problems include the formation of deep oscillation marks, 

surface depressions and interfacial gaps in the mold that lead to lower heat flux, thinner, and 

nonuniform (rippled) solidified shell thickness and accompanying catastrophic breakouts, 

increased susceptibility to surface crack formation and accompanying oxide slivers, larger 

austenite grain size leading to lower hot ductility, and consequently more defects in the final 

product, including internal cracks and accompanying macrosegregation. The following sections 

explore current understanding of these effects of peritectic solidification. 

2.5.1 Mold Heat Transfer and Shell Growth 

During casting of steel, heat flux from the solidifying steel to the mold is a strong function 

of carbon content [116, 127], as seen in Figure 2.22, where the lowest heat transfer rate is 

measured for the peritectic 0.10 pct C steel. This landmark observation was first published by 

Singh and Blazek [116], based on continuous casting of 83 x 83 mm square billets on a 

laboratory caster at 21 mm/s. The corresponding shell thickness profiles were also measured for 

different steel grades, by inducing breakouts during operation. The measured shell growth 

profiles roughly follow the parabolic relation [232], 

 𝑠 = 𝑘𝑡0.5                                                                (2.23) 

where s is solidified shell thickness, t is solidification time below the meniscus in the mold, 

and k is the solidification constant. The shell of the peritectic steel is thinner, as seen in the 

measurements in Figure 2.23, so the solidification constant in Eq. 2.23 is only 22 mm/√𝑚𝑖𝑛  for 

the peritectic (0.1 pct C) steel, compared with over 25 mm/√𝑚𝑖𝑛 for low-carbon (0.05 pct C) 

and for high-carbon (> 0.2 pct C) steel. Although the difference is small, it is very consistent and 

very significant to steel quality, as explained later. This slower shell growth of peritectic steels is 

caused by the generally lower mold heat transfer, shown in Figure 2.22, and was suggested to be 
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caused by shrinkage differences related to the solid-state transformation from δ-ferrite to γ, 

which is discussed in Section C [116]. 

 

 

Figure 2.22. Effect of carbon content on mold heat-transfer rate during continuous casting. 

Reprinted with permission from reference [116]. 

 

More important than the thinner shell, however, is the jagged nature of the shell thickness 

profile for the peritectic steel, which indicates the much larger variability in shell growth of this 

steel grade. Figure 2.24 compares the appearance of the surface and interior of peritectic and 

non-peritectic steels [116]. While non-peritectic (0.4 pct C) steels solidify with a relatively 

smooth interior, the peritectic steel (0.1 pct C) experiences severe ripples on the inside of the 

shell. In commercial casters, these ripples, which represent local thin, hot, and weak regions in 

the solidifying shell, are extremely detrimental because they often lead to dangerous and costly 

breakouts, which are more common in peritectic steels [233].  
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Figure 2.23. Steel shell growth profiles during continuous casting, comparing peritectic (0.10 pct 

C) and non-peritectic (0.7 pct C) steel grades. Reprinted with permission from reference [116].  

 

 

Figure 2.24. Surface and cross section views of solidified shells of continuous-cast steel billets, 

comparing (a) peritectic steel and (b) and non-peritectic steel. Reprinted with permission from 

reference [116]. 
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These ripples and thin spots in peritectic steel shells are caused by corresponding deep 

depressions on the shell surface. Figure 2.24 also clearly shows the rough surface of the 

peritectic steel billet which contains many depressions [116]. In contrast, the high-carbon (0.4 

pct C) steel which has a smooth shell thickness profile also has a very smooth surface. A close-

up of a breakout shell in Figure 2.25 shows that each oscillation mark or depression on the shell 

surface causes a thin region in the shell, in proportion to its severity [234]. The cause of the 

surface depressions is not due to variations in oscillation of the mold, because the mold in this 

study was not oscillated [116].  

 

 

Figure 2.25. Close-up of steel breakout shell showing local thin regions caused by corresponding 

deep surface depressions. Reprinted with permission from reference [234]. 

 

2.5.2 Surface Depression and Air Gap Formation 

Depressions and oscillation marks in the as-cast shell surface can be characterized by the 

surface roughness, which during initial solidification corresponds to deeper interfacial gaps 
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between the shell and the mold. Measurements of commercial-cast steel show that peritectic 

steels and ultra-low carbon (ULC) steels experience much more surface roughness problems than 

other steel grades, as shown for example in Figure 2.26 [24]. This figure is clearly the inverse of 

Figure 2.22, (with the addition of data points for ULC steel), which indicates that the rougher 

surface increases the thermal resistance of the interface between the mold and shell, which 

directly causes lower heat transfer. Many other studies have confirmed that peritectic steels 

experience deeper air gaps and rougher as-cast surfaces [26, 126, 235-237].  

 

Figure 2.26. Effect of carbon content on the surface roughness of the solidified shell. Reprinted 

with permission from reference [24]. 

 

Fundamental experimental investigation of this behavior can be obtained from the study of 

free deformation of a solidifying droplet, which was measured for different steels by Dong [238]. 

Steel droplets solidified onto a chill plate exhibit a curved bottom shape, with a curvature that 

varies strongly with carbon content. The greatest curvature, indicating lift-off from the plate, was 

observed with near to pure iron (or “ultra-low” carbon steel) and with near to 0.1 pct C 

(peritectic steel). Both plain low-carbon hypo-peritectic steel (eg. 0.05 pct C) and higher-carbon 
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hyper-peritectic steel (eg. 0.2 pct C) show much less curvature (flatter surface) and consequently 

less gap formation and depression-related problems.  

2.5.3 Steel Shrinkage Behavior 

A direct measurement of the effect of carbon content on solidification shrinkage with time 

in a steel ingot casting is shown in Figure 2.27 [239]. A peak in shrinkage is observed for the 

peritectic steel (0.1pct C). Note that this peak arises very early during solidification. The increase 

in shrinkage relative to other grades is about 0.3 mm, which remains constant during subsequent 

solidification [239].  

 

 

Figure 2.27. Influence of carbon content on shrinkage of steel ingots at various times. Reprinted 

with permission from reference [239]. 
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Measurements of thermal contraction in binary alloys [240] naturally show a peak for 

peritectic steels (0.1 pct C), as shown in Figure 2.28. Shrinkage contraction during the 

solidification of steels with 0.05 - 0.2 pct C has been measured [241, 242]. Peritectic steels (0.1 

and 0.13 pct C) achieved their maximum contraction within a few seconds of solidification, 

perhaps explaining their propensity for surface depressions. In low carbon steels, the maximum 

contraction arises after solidification is complete [241, 242].  

 

 

Figure 2.28. Influence of carbon content on thermal contraction of iron-carbon alloys at different 

temperature intervals below solidus temperature. Reprinted with permission from reference 

[240]. 

 

The root cause of the shrinkage peak in peritectic steels is the δ→γ transformation from 

body-centered-cubic δ to face-centered-cubic γ, which decreases the molar volume by 2.5 - 3.0 

pct [53]. Shrinkage calculations of a solidifying steel shell, such as given in Figure 2.29, show 

that linear shrinkage increases with time for all steel grades [54]. For peritectic steel (0.126 pct 

C), the shrinkage is considerably larger, especially near the start of solidification. With low 
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carbon steels, the δ to γ transformation occurs somewhat later, after the solidified shell is thick 

enough to withstand the shrinkage, so perhaps is the reason for less bending deformation due to 

shrinkage in these grades [54]. 

 

 

Figure 2.29. Calculated shrinkage of solidifying shell vs. time from the start of casting. Reprinted 

with permission from reference [24]. 

 

Another study of shrinkage behavior with steel grade [243] noted that in low-carbon (0.05 

– 0.09 pct C) steel, the temperature range of the δ/γ transformation is 12 - 40 K , while for ultra-

low carbon (0.003 pct C) and peritectic steel (0.18 pct C) this transformation theoretically occurs 

at a unique temperature. Thus, they concluded that ULC and peritectic steels should experience 

more severe shrinkage problems, owing to the narrow temperature range and accompanying high 

rate of δ/γ transformation. In contrast, the δ/γ transformation is much slower in low-carbon 

steels, so the shrinkage is presumably less [243]. In a hyper-peritectic steel containing 0.45 pct C 

or more, all of the δ ferrite transforms to γ while liquid is still present, leaving γ to solidify 
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directly from the residual molten steel after the peritectic reaction is completed. Thus, the 

volume shrinkage accompanying the δ/γ transformation can be accommodated by liquid 

infiltration and does not lead to shrinkage problems, which require relative shrinkage between 

two solid (or nearly solid) phases. The rate of δ/γ transformation is suggested to play an 

important role on the formation of shrinkage depressions and their consequences of air gap 

formation and cracks [243]. 

Other researchers [26] explored the reason for more uneven shell growth in ULC and 

peritectic steels (relative to low-carbon and hyper-peritectic steels), building on that the idea that 

the rate of the δ/γ transformation is faster in ULC and peritectic steels. A “stress index” was 

proposed by simply calculating the product of the shrinkage volume occurring for solid fraction 

from 0.7 to 1.0, and the estimated δ/γ transformation rate. This index is shown in Figure 2.30 as a 

function of carbon content [26]. The agreement of this index with measured trends suggests that 

uneven shell growth may worsen with increased cooling rate [243].  

 

 

Figure 2.30. Effect of carbon content on stress index, (product of solidification volume and δ/γ 

transformation rate). Reprinted with permission from reference [26]. 
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Another index of solidification shrinkage was also proposed as a criterion for crack 

susceptibility, Rv, as follow [27], 

Rv= ΔV (1-L)                                                       ( 2.24) 

Where L is the mass fraction of liquid remaining after peritectic solidification estimated 

from the lever rule on the Fe-C phase diagram, and ΔV is the volume shrinkage of peritectic 

solidification, calculated from: 

ΔV =

1

𝜌1
−

1

𝜌2
1

𝜌1

                                                              ( 2.25) 

Where 𝜌1 is the density of (L+ δ), and 𝜌2 is the density of γ, (L+ γ) or (δ +γ), using 

measured steel density at different temperatures and phase fractions [27]. This Rv index is shown 

in Figure 2.31 to reach a peak for peritectic steels as expected, and again suggests that 

solidification shrinkage due to the δ/γ volume change is the main reason for depression problems 

in these grades. This figure also suggests that the peak moves to higher carbon contents with 

segregation and non-equilibrium cooling conditions.  

 

 

Figure 2.31. Rv shrinkage index variation with carbon content for different cooling conditions. 

Reprinted with permission from reference [27]. 
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To explain how δ/γ shrinkage leads to depressions, it is important to note that bending to 

form a depression is more complex than simple linear shrinkage. Temperature gradients leading 

to shrinkage gradients is one mechanism to explain this behavior. Wolf and others have proposed 

another mechanism, that microstructure nonuniformities during the peritectic transformation may 

also contribute: Figure 2.32 suggests two different possible scenarios [244]. At high cooling 

rates, or with peritectic steels which may have insufficient carbon diffusion to the interior of the 

dendrites, Figure 2.32(a) illustrates how austenite might nucleate first on the dendrite exterior, 

with mainly transverse movement of the γ/δ interface inwards, leaving δ ferrite along the center 

of each dendrite. When that δ ferrite eventually transforms to γ, the shrinkage would be mainly 

transverse (perpendicular to the solidification direction), leading directly to bending strain (and 

depressions) or to interdendritic hot-tear cracks, if the bending were constrained. At low cooling 

rates, or with higher carbon content, Figure 2.32(b) depicts how the δ/γ interface might propagate 

from the dendrite tip to its root, following the isotherms under equilibrium conditions. This 

would lead to axial shrinkage of the dendrite length in the solidification direction, which would 

not tend to cause any bending or tensile stress across the interdendritic region. Such 

microstructural effects should be explored as a potential mechanism for the increased bending 

and cracks observed in peritectic steels. 

In addition to the importance of increased shrinkage on the behavior of peritectic steels, 

many researchers have noted that austenite is much stronger than delta-ferrite at a given 

temperature [119, 245, 246]. Advanced thermal-mechanical computational models have been 

applied to investigate the effect of steel alloy (carbon content) on thermal distortion of the 

bottom of solidifying steel droplets [247]. and on deflection of the tip of the solidifying steel 

shell during a level drop in a continuous casting machine near the meniscus [119, 245]. 
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Figure 2.32. Schematic of different directions of the peritectic transformation, (a)  transverse 

shrinkage at high cooling rates or carbon starved (peritectic), which leads to depressions and 

cracks; (b) axial shrinkage at low cooling rates or high carbon, C> 0.2 pct which leads no 

problems [244]. 

 

These models include the temperature, phase fraction, and composition dependency of both 

the steel density (and corresponding shrinkage) and the strength, using an elastic-viscoplastic 

constitutive relation. The predictions of these models match the observed trends of increased 

bending deformation in ULC and peritectic steels. Sample results, shown in Figure 2.33, reveal 
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that these steels experience deeper depressions, which become much more severe with level 

fluctuations [119, 245].  

 

 

Figure 2.33. Simulated shell tip distortion for three steel grades with and without level 

fluctuations, showing increased depressions in ULC and peritectic steels. Reprinted with 

permission from reference [119].  

 

2.5.4 High Temperature Ductility and Hot Tearing 

Cracks form during commercial casting processes due to a combination of metallurgical 

embrittlement and tensile stress.  Most longitudinal surface cracks and internal cracks are caused 

by a hot tearing mechanism during initial solidification that involves severe embrittlement and 

failure strains of only about 1 pct. Steel composition plays a critical role, in part because it 

controls the high-temperature ductility. Many studies have been conducted on steel ductility, as 

reviewed elsewhere [248-250], so only a few points relevant to peritectic steels are emphasized 

here. 
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Metallurgical properties during solidification are shown schematically in Figure 2.34. 

Above the Zero Strength Temperature, (ZST), the steel behaves like liquid, and any applied 

tensile strain will simply pull apart the dendrites, and draw liquid in to fill the space. Below the 

Liquid Impenetrable Temperature (LIT), the feeding of bulk liquid is prevented by the dendrite 

network. Below the Zero Ductility Temperature, (ZDT) or non-equilibrium solidus temperature, 

solidification is sufficiently complete that the solid can withstand significant load and ductility is 

high. Between LIT and ZDT is a brittle temperature range that is susceptible to hot tearing. 

Others suggest a brittle temperature range between the Zero Strength Temperature (ZST) and 

ZDT [251]. In these critical temperature ranges, strength is low due to the liquid matrix, so any 

applied tensile strain will open up a crack, which is filled by drawing in surrounding segregated 

liquid. Strain sources include mechanical deformation, thermal contraction and the δ/γ phase 

transformation. The typical solid fraction between LIT and ZDT is 0.9 to 0.99, which extends 

with increasing cooling rate, to below the equilibrium solidus temperature [120, 252]. 

 

 

Figure 2.34. Schematic of temperatures relevant to high-temperature embrittlement and hot 

tearing cracks during steel solidification. Reprinted with permission from reference [55]. 
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Many researchers have investigated the important effect of alloying elements on high-

temperature steel ductility [55, 253-259]. Residual impurity elements, such as S, P, Cu, Sn, Sb, 

and Zn, are well known to be detrimental because they segregate into the interdendritic liquid, 

lowering the ZDT and thereby decreasing the failure strain [55, 250]. Many of these elements 

have low partition coefficients, leading them to concentrate in the austenite phase [11]. 

Phosphorus, for example, segregates during solidification to austenite over 10 times more than 

when solidifying to ferrite [11]. Alloys which undergo the peritectic reaction, change their 

solidification mode from ferritic to austenitic, leading to more segregation, lower ZDT, and 

lower high-temperature ductility.  

 

 

Figure 2.35. Influence of C-content on (a) characteristic temperatures in the strand shell and (b) 

assumed constant planar interface position,Ym, and effective shell thickness, Ys, considering P-

segregation. Reprinted with permission from reference [11]. 
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Alloys with higher segregation have lower non-equilibrium solidus temperature (𝑇𝑠
՛) and 

consequently have thinner effective shell thickness, that is completely solid with mechanical 

strength. Figure 2.35 shows that the peritectic steels (0.1 pct C) have the highest effective shell 

thickness, while high carbon steels suffer the most embrittlement and are thus more prone to hot 

tear cracks [11]. However, the thicker effective shell of the peritectic steels experiences more 

bending and being stronger, can support a higher ferrostatic pressure, thus leading to deeper 

surface depressions. Consequently, increased interfacial gap resistance, leading to lower heat 

flux in the mold decreases the shell growth locally and creates hot spots, so increases the risk of 

surface crack formation and breakouts [26, 110, 118, 120, 124, 125].  

2.5.5 Internal Cracks 

Internal cracks are one the most important problems affecting commercial steel casting 

processes, such as continuous casting. These cracks form due to hot tearing as a result of tensile 

stresses which are induced by mechanical deformation, thermal contraction and phase 

transformation, combined with the loss of hot ductility near the solidus temperature discussed in 

the previous section. They are generally not actually cracks, because interdendritic liquid is 

drawn in between the separating dendrites to prevent an actual void. However, this results in a 

region of macrosegregation in the shape of the crack. This macrosegregation is a worse product 

defect than a void, because it cannot be closed or otherwise removed by rolling or other 

subsequent operations. It is important to note that during initial solidification, the mushy zone is 

at the surface of the steel strand, so surface cracks, especially longitudinal surface cracks, can 

initiate at the meniscus due to the same high-temperature embrittlement and hot tearing 

mechanism as internal cracks. 
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Many investigations on cracks due to hot tearing during casting of steel alloys have been 

conducted and are discussed in this section. Different criteria for hot-tear crack formation have 

been proposed, including critical strain [55, 251, 260-264] and critical fracture stress [265, 266]. 

Critical strain for internal crack formation have been reported to range from 0.5 to 3.8 pct [251, 

262, 267, 268], or from 1.6 to 2 pct [269, 270], depending on the steel composition. One critical 

strain criterion for peritectic steel (0.14 pct C) suggests a critical temperature range of 𝑇𝑎 − 30  < 

T(K) < 𝑇𝑎 where 𝑇𝑎 is the 0.85 solid-fraction temperature [262]. Increasing strain rate is reported 

to decrease the critical failure strain [271], perhaps because it lessens the time available for liquid 

feeding [55] Won suggests the following critical strain criterion for hot tear cracking of plain 

carbon steels, based on an empirical fit of many measurements [55]:  

𝜀𝑐 =
0.02821

𝜀̇𝐶
0.3131𝛥𝑇𝐵

0.8638                                                               (2.26) 

Where 𝜀𝑐 is the critical strain which when exceeded locally causes a hot tear; 𝜀𝐶̇is the local 

strain rate; and 𝛥𝑇𝐵 is the critical temperature range for the alloy, corresponding to the solid 

fraction range of 0.9 to 0.99 pct solid, which equals LIT - ZDT. Because strain and strain rate are 

tensors with different components which accumulate with time, attention should be paid to their 

directions, which could differ [272]. It should be noted that this criterion predicts that high 

carbon and high alloy steels with high solidification temperature ranges (and large 𝛥𝑇𝐵) 

experience smaller critical strains, so are easier to crack. In contrast, peritectic steels experience 

smaller solidification temperature ranges and smaller 𝛥𝑇𝐵, so have higher critical strains, which 

agrees with the high-temperature hot ductility findings discussed in the previous section [55]. 

Higher strain rate also decreases the critical strain and makes cracks more likely, but is difficult 

to quantify. 
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Other researchers have suggested critical fracture stress in the mushy zone as a criterion for 

crack formation [128, 273-276]. The fracture stress of solidifying shell has been measured using 

submerged split chill tension testing method [265, 277]. According to this criterion, hot-tear 

cracks form in the mushy zone when the maximum principal stress exceeds the local tensile 

strength of the steel at that temperature [278]. Other researchers [279] using tensile testing at 

elevated temperature found that steels which undergo the peritectic reaction are more susceptible 

to crack formation, especially when the solidification experiences massive transformation, owing 

to the fast shrinkage contraction.  

Another crack criterion is based on the difference of deformation energy in the brittle 

temperature range and is shown in Figure 2.36 as function of carbon content, along with an 

experimentally measured crack index [55]. Peritectic steels (0.12 pct C) are predicted to 

experience the largest tendency for cracking. This was attributed to the large δ/γ transformation 

strain during solidification leading to higher strain rates. High strain rates also decrease the 

critical strain for crack formation. These results have been confirmed by Bernhard et al [280]. 

These predictions agree with other research that suggests that steels with carbon content of 0.1 

pct C to 0.14 pct C are more susceptible to internal cracking [121, 281, 282].  
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Figure 2.36. Effect of carbon content on experimentally-measured crack index and on difference 

of deformation energy in the brittle temperature range. Reprinted with permission from reference 

[55]. 

 

However, they appear to disagree with some of the critical strain predictions discussed 

earlier. This disagreement between different cracking criteria suggests that simple empirical 

relations are not easy to apply and that phenomena such as local shell thinning and strain 

concentration must be considered when predicting crack formation, as discussed in the next 

section.  

2.5.6 Longitudinal Surface Cracks 

Many studies [116, 127, 283, 284] have found carbon content to be the most critical factor 

which affects the formation of longitudinal surface cracks. Because they usually initiate during 

initial solidification near the meniscus, longitudinal surface cracks are governed by the same 

high-temperature ductility properties that govern internal cracks. In addition, they are greatly 

influenced by surface depressions, where strain can concentrate in the thin shell beneath them. 

Longitudinal surface cracks are formed most in the range of 0.09 - 0.18 pct C (hypo-peritectic 

range), as shown in Figure 2.37 [285].  
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Figure 2.37. Effect of carbon content on longitudinal surface crack index. Reprinted with 

permission from reference [285]. 

 

This was attributed to the higher rate of shrinkage accompanying the δ/γ transformation, 

which can be represented by the corresponding density increase [285]. Despite having high 

shrinkage, longitudinal cracks do not formed as much above 0.18 pct C. This was suggested to 

be due to more liquid feeding available to compensate the shrinkage in these hyper-peritectic 

steels.  

Other researchers [129] have investigated critical strain for crack formation in different 

steel grades using tensile and bending tests, and found that critical strain in peritectic steel is 

almost two times that of non-peritectic steels (Figure 2.38). Thus, the longitudinal surface cracks 

which form during the continuous casting of peritectic steels are not caused by higher intrinsic 

crack sensitivity of these steels, but rather by the hot spots at the base of depressions caused by 

the δ to γ phase transformation in the early stages of solidification. 
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Figure 2.38. Effect of carbon content on the critical strain for crack formation. Reprinted with 

permission from reference [129]. 

 

2.5.7 Intermediate Temperature Ductility Drop, Austenite Grain Size, and Transverse 

Cracks  
 

Many surface cracks, especially transverse cracks, arise due to tensile stress and 

embrittlement of the austenite grain boundaries at intermediate temperatures. A significant drop 

of ductility of steel at intermediate temperatures, from ~ 700 to above 900℃, has been the 

subject of many studies, reviewed elsewhere [254]. This ductility drop or “trough” is due to the 

formation of precipitates, including sulfides and nitrides, which weaken the austenite grain 

boundaries, especially when soft and weak primary ferrite nucleates on the boundaries to form 

ferrite films or networks. Embrittlement is much more severe when the austenite (γ) grains are 

very large, because any applied tensile strain concentrates within a small number of grain 

boundaries [259, 286-290]. Intermediate temperature ductility loss is important to transverse 

surface cracks, because they tend to form due to axial and unbending strain low in a continuous 
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casting machine, when surface temperatures often fall within the critical temperature range for 

the intermediate-temperature ductility trough. 

It has been widely reported that transverse cracks form only in the presence of abnormally 

large austenite grains, where a film of ferrite or precipitate form along the boundaries [291-293]. 

These abnormally large grains are sometimes referred to as “blown grains”. Peritectic steels are 

reported to experience larger austenite grain size than steels with either lower or higher carbon 

content [294]. Austenite grain size increases rapidly with increasing temperature, due to grain 

growth, as shown in Figure 2.39 [293]. This figure also shows that near-peritectic steel (0.16 pct 

C) experiences grain growth earlier and eventually attains a larger size. 

 

 

Figure 2.39. Austenite grain growth with temperature and carbon content (in-situ melted and 

cooled from 1580℃ to test temperature at 16.8℃/min). Reprinted with permission from 

reference [293].  

 

Other researchers have confirmed that near-peritectic steels, such as 0.17 pct C, have larger 

austenite grain size than other steels, as shown in Figure 2.40 [287, 295]. It is suggested that 

[296] because liquid and delta ferrite hinder the growth of γ grains [297], austenite grains start to 
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grow immediately after transformation into the single phase γ region [297, 298]. Adding 

phosphorus to 0.1 pct C steel has been shown to decrease the primary austenite grain size [299, 

300]. This was attributed to delaying the δ/γ transformation to a lower temperature range.  

Austenite grain size can be predicted by:[301] 

𝐷̅ = 9.1 × 𝑇γ − 3152 [
𝑒𝑇̇

1+𝑒𝑇̇
] − 9044                                   (2.27) 

where 𝐷̅ is the final austenite grain size in μm; 𝑇γ is the highest temperature of the totally 

austenitic region for the steel composition (℃), and 𝑇̇ is the local cooling cooling rate (℃/𝑠).  

 

 

Figure 2.40. The γ grain size change by carbon content in terms of γ single phase temperature in 

Fe–C phase diagram. Reprinted with permission from reference [287]. 

 

Predictions at 3 different cooling rates for steels with different carbon contents and 0.3 pct 

Si and 1.5 pct Mn all match closely with measurements for similar grades, as shown in Figure 

2.41 [301]. These results confirm that austenite grain size is larger in peritectic steels, with huge 

grains exceeding 1mm diameter in many cases. 
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Figure 2.41. Measured and predicted austenite grain size vs. equivalent carbon content. 

Reprinted with permission from reference [301]. 

 

Transverse cracks are more severe with deep surface depressions and oscillation marks 

[295, 301-303]. This is expected because the greater interfacial resistance between the shell and 

the mold leads to lower heat flux, and a hotter, thinner, and weaker shell beneath the depression, 

as discussed earlier.  

Heat transfer model calculations in Figure 2.42(a) show the expected temperature 

distribution near a group of deep oscillation marks. Surface temperatures beneath the oscillation 

mark can increase up to several hundred degrees hotter than the nearby steel surface, owing to 

the lower heat transfer, especially if the interfacial gap contains air [234]. The hotter surface 

causes a thinner and weaker shell, which matched thickness profile measurements on a breakout 

shell. The hotter surface also enables more grain growth, leading to coarse austenite grains and 

strain concentration in these areas, as shown schematically in Figure 2.42 [234]. Below the mold, 

spray cooling can make the strand surface temperature become more uniform, but cannot reduce 

the large austenite grain size on the surface. 
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Figure 2.42. Closeup of solidifying steel shell in the mold showing (a) simulated temperature 

contours near a group of deep oscillation marks and (b) schematic of resulting grain structure 

leading to transverse cracks. Reprinted with permission from Reference [234].  

 

In summary, transverse cracks are more common in peritectic steel than in other steel 

grades for two reasons. Firstly, the increased shrinkage of these steels causes deeper oscillation 

marks and surface depressions, which result in higher surface temperatures beneath the 

depressions. Secondly, austenite grain growth in these steels begins at higher temperature, 

leading to generally larger austenite grains beneath the surface depressions. Both effects lead to 

decreased intermediate-temperature ductility, increased strain concentration, and increased 

transverse crack formation in peritectic steels. 
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2.6 Conclusions 

This paper summarizes current understanding of peritectic solidification of steel, and its 

important effects on commercial casting operations. Specific findings include: 

• Several empirical relations are available to predict if a steel alloy will exhibit peritectic 

behavior according to its composition, especially carbon content. These include criteria 

based on carbon equivalent ranges, alloy-dependent critical points, ferrite potential, and 

CALPHAD methods. Although already successful, further work is needed, as different 

relations differ regarding the influence of some alloying elements, including Si, Cr, Ti, V, 

S, P, A, and Nb. The trends are clear for austenite forming elements Mn, Ni, Cu, and N 

and ferrite forming Mo. 

• Fundamental mechanisms to explain peritectic solidification have been investigated using 

experiments which include calorimetry, diffusion couples, directional solidification, high-

temperature confocal laser-scanning microscopy (HT-CLSM), and X-Ray imaging 

methods, and computational models which range from simple analytical diffusion 

equations to sophisticated phase-field simulations. 

• Under equilibrium conditions, peritectic solidification proceeds in two distinct steps: the 

peritectic reaction, and the peritectic transformation. 

• The peritectic reaction takes places when austenite nucleates and grows as a thin layer 

along the liquid / δ-ferrite interface at or just below the peritectic temperature. It is 

governed by diffusion of solute (carbon in plain Fe-C steels), especially in the liquid, and 

likely also depends on microscale heat transfer that causes local re-melting of δ-ferrite 

and liquid / solute mixing near the δ/γ/L triple point.  
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• The peritectic transformation first involves growth of the austenite layer thickness in both 

directions: into the liquid (L →γ) on one side, and into the δ-ferrite interior (δ→γ) on the 

other side, which separates the δ-ferrite and liquid by a thickening layer of austenite. 

Some believe that this transformation is controlled by diffusion, especially with low 

undercooling below the peritectic temperature. At high undercooling, the transformation 

is extremely fast, so others believe that the δ→γ transformation is controlled by massive 

transformation. 

• At very high undercooling and transformation rates, some claim that the peritectic 

reaction is suppressed, due to either nucleation constraint, or to solute flux gradients, so 

the initial austenite layer never grows along the δ / L interface and the entire peritectic 

solidification process is governed by massive transformation.  

• Peritectic steels cause deeper oscillation marks and surface depressions in cast products, 

relative to other steel grades. This is due to the large shrinkage that accompanies the δ→γ 

phase transformation, the higher transformation speed, the much higher strength of 

austenite relative to δ-ferrite, complex thermal-mechanical behavior during solidification, 

and possibly other factors involving the microstructure evolution. 

• Peritectic steels having deeper surface roughness leads to higher resistance to heat 

transfer across the interfacial gap during initial solidification in the mold, lower heat flux, 

uneven shell growth, and thin regions in the solidifying steel shell, which have hotter 

local surface temperature. These thin, weak, hot spots lead to local strain concentration 

and make peritectic steels more susceptible to breakouts and hot-tearing cracks, 

especially internal cracks and longitudinal surface cracks, relative to other grades.  
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• Peritectic steels experience faster austenite grain growth at high temperature, which leads 

to lower intermediate temperature ductility. Together with the higher local temperatures 

found beneath oscillation marks and depressions, this makes peritectic steels more prone 

to cracks, especially transverse surface cracks. 

• Many empirical indices and criteria have been developed to predict cracking due to hot 

tearing. Further research is needed, however, to better quantify both hot-tear crack 

formation and cracks related to intermediate temperature embrittlement before crack 

formation in peritectic steels (and other grades) can be accurately predicted.  

• Although significant progress has been made in recent years, much further research is 

needed to confirm and quantify the mechanisms that govern peritectic solidification, how 

they are affected by composition and casting conditions, and how they can be controlled 

to improve final product quality. 
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CHAPTER 3  

PREDICTION OF THERMAL STRESS DURING STEEL SOLIDIFICATION 

3.1 Abstract 

Thermal distortion during the initial stages of solidification is an important cause of surface 

quality problems in cast products. In this work, a finite element model including non-linear 

temperature-, phase-, and carbon-content-dependent elastic–viscoplastic constitutive equations is 

applied to study the effect of steel grade and interfacial heat flux on thermal distortion of a 

solidifying steel droplet. Due to thermal contraction, the bottom surface of the droplet bends 

away from the chill plate and a gap forms. It is shown that, regardless of the nature of the heat 

flux, the gap forms and grows the most very early during solidification (~0.1s) and remains 

almost unchanged afterward. Increasing the heat flux decreases the time for evolution of the gap 

and increases its depth. When the carbon content is less than 0.10%C, the gap depth is very 

sensitive to the heat flux, but for higher carbon contents, this sensitivity is much weaker. The 

highest gap depths are predicted in ultra-low carbon (0.003%C) and peritectic steels (0.12%C), 

and agree both qualitatively and quantitatively with the experimental measurements. Thus, the 

current thermal-mechanical model, including its phase-dependent properties, captures the 

mechanism responsible for nonuniform solidification, depression sensitivity and surface defects 

affecting these steels. 

Keywords: Solidification; Peritectic Steel; thermal distortion; thermo-elasto-viscoplastic model. 

3.2 Introduction 

Continuous casting technology is the primary method of producing semi-finished steel 

products, and over 96% of the world’s steel is made using this process [8]. One of the most 

important features of continuously cast strands is their surface quality, which is mainly 
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controlled by initial solidification at the meniscus [9-11]. In this region, the solidifying shell is 

subjected to complicated thermal and mechanical loading conditions [12] which may lead to 

formation of surface defects such as depressions [13], oscillation marks [14, 15], and cracks [16, 

17]. 

Understanding the root causes of surface defect formation is the main key to control the 

strand surface quality [116, 304, 305]. It is well known that steel grade is the most critical 

parameter that affects depression severity [11, 116, 120, 306]. Ultra-low carbon steels 

(<0.005%C) suffer from poor surface quality [12], and steels which undergo the peritectic 

transformation (~0.09 <%C< ~0.17) and experience “peritectic behavior” [307] exhibit the 

deepest surface depressions, with a peak in severity typically observed around 0.10%C [308, 

309], depending on the other alloying elements [307]. Surface depressions during steel 

solidification are responsible for many other surface defects [310-313] and often have been 

attributed to the shrinkage associated with the δ-ferrite to austenite solid-state phase 

transformation [305, 314].  

During continuous casting, initial solidification at the meniscus is influenced by many 

complicated transient phenomena such as mold oscillation [313], slag infiltration [315], 

movement of the slag rim [316], turbulent fluid flow [317], liquid surface level drops [318], 

liquid overflow of the shell tip [319], and surface tension effects [320], in addition to the high 

local heat flux and thermal distortion [116]. These all cause transient changes to the meniscus 

shape and affect the final shape of the surface of the solidified shell including surface 

depressions [12]. Thus, it is almost impossible to isolate the effect of thermal deformation due to 

phase transformation on the final surface shape. To this end, laboratory experimental methods 

have been developed to characterize the surface shape variations with steel grade during initial 
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solidification, such as the “dip test” [321] in which a copper chill block is immersed into a liquid 

steel bath for a short time. Visualizing and measuring the roughness of the thin steel shell that 

solidifies onto the plate provides an indication of the susceptibility of the steel grade to surface 

depressions during casting. Another simple experiment, the “droplet test”, was proposed by 

Dong and coworkers [322-324] in which a small liquid steel droplet is placed on a chill plate and 

the free deformation of the bottom of this droplet is measured. In spite of its differences with the 

actual production method, the effect of steel grade on the surface shape was found to match with 

experience in commercial continuous casters. Thus, the effect of thermal distortion on solidifying 

shell shape under a sharp temperature gradient can be isolated and studied using the droplet test.  

Previously, the droplet test was used to investigate the effect of carbon content on free 

deformation during steel droplet solidification [323]. Small liquid steel droplets of 4-8 grams 

were levitated and dropped 35mm onto a water-cooled chill plate made of either graphite for 

slow cooling, or copper for fast cooling. After solidification and cooling to room temperature, 

the bottom surface of the droplets took a parabolically-curved shape, indicating that a gap 

formed between the bottom surface and the chill plate. The bottom surface of each solidified 

droplet was fitted to a parabola and the curvature was characterized with a single fitting 

parameter, Nd: 

gap = NdR
2,                                                                 ( 3.1) 

where R is the horizontal distance from the center of the droplet bottom surface. The 

curvature of the bottom surface was measured for different grades and droplet sizes [323, 324]. It 

was found that the bottom surface curvature is controlled by the composition, with two peaks: at 

near pure iron (carbon content is almost zero) and at around 0.12%C. Positive curvature (gap 

increasing with R) was observed in all small droplets with < 0.6%C. In addition to steel grade, 
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the heat transfer rate between the solidifying droplet and chill plate has a great effect on thermal 

distortion. The measured curvatures of the droplet bottom surface solidified onto a copper chill 

plate are much larger than those on a graphite chill plate, especially with peritectic steels [323, 

324]. This is because the average heat transfer coefficient at the steel shell/graphite chill plate 

interface is about one third of that at the steel/copper interface [323].        

Several computational models of thermal-mechanical behavior of steel during initial 

solidification have been developed in previous works [272, 318, 325-335]. Analytical solutions 

of thermal stress during solidification have predicted air gap formation during the casting 

process, including the effects of mold taper and superheat, but these simple models neglect the 

effects of alloy solidification range, solid-state phase transformations, plasticity and creep [327, 

328, 331].  Advanced computational models based on numerical methods such as the finite 

element method, are able to include these effects with realistic temperature-dependent thermal 

and mechanical properties. Several such models have investigated gap formation during steel 

continuous casting in the mold [272, 318, 333, 334, 336-343], and many of them have shown 

that shell shrinkage is greatest towards the mold corners, which generates large gaps between the 

shell and mold there [272, 334, 336-338]. These gaps become filled with mold flux [332, 338], 

leading to lower heat transfer [332], hot spots [333] and longitudinal depressions [336, 338] on 

the shell surface in the off-corner regions of the strand. Shell shrinkage in the mold was found to 

decrease with increasing casting speed, owing to the decreased time in the mold, leading to a 

hotter, thinner shell, [334] so less taper is required to compensate for the shrinkage [344].  

Other such thermal-mechanical finite-element models have been applied to investigate 

sudden liquid level drops during the continuous casting process on thermal distortion of the shell 

during initial solidification and surface depression formation [318, 325]. These models showed 
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that shell tip distortion increases with increasing level drop and is largest for ultra-low carbon 

and peritectic steels [318, 325].  

Parkman et al [326] simulated thermal distortion of solidifying steel droplets with an 

elastic-viscoplastic finite element model including the effect of phase transformation strains. 

Simulations showed that the gap forms and reaches its maximum depth at very early stages of 

solidification (within 0.1s). Based on temperature measurements during the droplet test [323], 

the heat transfer coefficient dropped suddenly from 17.8 to < 5 kW/m2K. The transition was 

postulated to occur when the solid layer gained sufficient strength to support the ferrostatic 

pressure and bend away from the chill plate [322, 323]. Suddenly dropping the heat transfer 

coefficient in the simulation from 20 to 5 kW/m2K after 0.05s was found to increase the droplet 

surface curvature (gap depth) [323]. Increasing the heat transfer coefficient or decreasing the 

transition time both increased the gap depth [323]. Similar to the experimental work in [323], 

their model investigation of the effect of carbon content on gap depth revealed two peaks at 

nearly pure iron (0.003%C) and 0.12%C (peritectic steel) [326]. However, despite predicting the 

gap depth trend with carbon content very accurately, the magnitude of the simulated gap depths 

(surface curvatures) [326] was much higher than measured [323].   

The solid state δ→γ phase transformation has been established to be the main cause of 

surface depressions and the associated surface quality problems in continuously cast steel 

products. However, no previous fundamental model appears to be able to quantitatively predict 

the steel surface shape under the heat transfer conditions of continuous casting. Accurate 

prediction of the severity of surface depressions for a specific steel grade under real conditions 

would enable appropriate action(s) to be taken at the caster to improve surface quality. The aim 

of this work is to study the effects of steel grade (carbon content) and heat flux conditions on 
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shrinkage and thermal distortion of a solidifying steel droplet.  The same conditions as in the 

experimental droplet test [323] are used for the simulations, and predictions of the curvature of 

the bottom surface of the droplet are validated with the measurements. Furthermore, the effect on 

this behavior is investigated to reveal new insights into thermal distortion during initial 

solidification. 

3.3 Model Description 

The computational model used in this work to model initial thermal-mechanical behavior 

of steel during initial solidification, including the simulation domain, heat transfer model, stress 

model, and solution details are described in this section. 

3.3.1 Model Domain and Boundary Conditions 

Thermal distortion of a 4 gram steel droplet in two dimensions is simulated to represent the 

conditions of the experimental droplet test [323]. Since the geometry of the droplet and thermal 

loading (heat flux) are axially symmetric, a two-dimensional axisymmetric finite-element model 

is used to simulate the thermal-mechanical behavior of the solidifying droplet.  

The simulation domain, highlighted with a red rectangle in Figure 3.1, represents a cylinder 

with 5 mm radius and 6 mm height. Heat flux is applied uniformly on the bottom surface and the 

other three surfaces are insulated. There is no mechanical constraint on the domain surfaces, so 

they can deform freely. Thus, the surfaces are stress free, except for a surface traction equivalent 

to the gravitational body force, ρgh, applied on the bottom surface. This effectively pushes the 

thin solidifying steel shell towards the chill plate, according to the liquid pressure above it. 

Applying this pressure at the bottom avoids convergence problems associated with loading the 

weak liquid, while having negligible effect on the results. 
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Figure 3.1. Cross section of the droplet showing the simulation domain (red rectangle) and 

boundary conditions. 

 

3.3.2 Heat Transfer Model and Applied Heat Flux  

The two-dimensional transient heat conduction equation is solved for the temperature field 

of the solidifying droplet in cylindrical coordinates: 

𝜌 (
𝜕𝐻

𝜕𝑡
) = ∇. (𝑘∇𝑇)                                                           (3.2) 

In this equation, 𝜌 is temperature-dependent mass density, (kg/m3) 𝐻 is temperature-

dependent specific enthalpy (J/kgK) which includes the latent heats of phase transformations, 𝑡 is 

time (s), 𝑘 is isotropic temperature-dependent thermal conductivity, (W/mK) and 𝑇 is 

temperature (˚C).  

Heat flux is applied on the bottom surface in Figure 3.1, and the other three surfaces are 

insulated. The initial temperature of the domain for each steel grade is set to be 10˚C above the 
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liquidus temperature (ie constant superheat) to facilitate fair comparison of steels with different 

carbon contents.  

As a curve fit of measurements on typical slab casters, [335] instantaneous heat flux during 

continuous casting can be represented as a function of time by 𝑞̇𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑 =
6.36 

√𝑡+1.032
 (MW/m2). 

This standard heat flux (SHF=𝑞̇𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑) and high heat flux (HHF=2𝑞̇𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑) conditions were 

used in this work to investigate the effect of heat flux during continuous casting on thermal 

distortion. On the other hand, the droplet test experiences a transition in heat flux (THF), where 

the heat transfer coefficient (ℎ) in the heat convection equation (𝑞̇ = ℎ∆𝑇) drops from 17.8 to 

less than 5 kW/m2K at the solid shell/chill plate interface, once the solid shell starts to deform 

[324]. This sudden decrease of heat transfer coefficient is due to the formation of an air gap at 

the shell/plate interface between the solidifying steel shell and the chill plate. In order to compare 

the simulation results of this work with the measurements in [323], the instantaneous heat flux 

for the validation cases was set to suddenly drop from 3.2𝑞̇𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑 to 𝑞̇𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑 at t= 0.06s, 

which approximates the time when the solid shell starts to bend away from the chill plate. 

3.3.3 Stress Model 

During solidification, strains are in the order of only a few percent, so it is reasonable to 

adopt the small strain assumption. The mechanical behavior of the solidifying steel droplet is 

governed by the quasi-static momentum balance equation:  

∇. 𝜎 + 𝑏 = 0                                                              (3.3) 

where 𝜎 is the second-order Cauchy stress tensor, and 𝑏 is an applied body force which is 

equal to zero in this work [272, 335]. 
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The total strain rate is divided into elastic (𝜀𝑒̇𝑙), inelastic (𝜀𝑖̇𝑒), thermal (𝜀𝑡̇ℎ), and fluid 

strain (𝜀𝑓̇𝑙) components. 

𝜀̇ = 𝜀𝑒̇𝑙 + 𝜀𝑖̇𝑒 + 𝜀𝑡̇ℎ + 𝜀𝑓̇𝑙                                                       (3.4) 

where inelastic strain includes the effects of time-independent plasticity and creep. The 

fluid strain is the inelastic strain generated while the steel is liquid. Fluid strain represents a 

measure of liquid feeding to accommodate thermal shrinkage of the solidifying shell. Stress and 

strain are related by phase-dependent unified constitutive equations. The liquid phase is 

considered as a perfectly-plastic material with elastic modulus of 1GPa, Poisson’s ratio ν = 0.3 

and σyield =10 kPa. The δ-ferrite phase is modeled with the Zhu modified power law [345], and 

the austenite phase uses model III from Kozlowski [346]. Further details on the formulation of 

this thermal-mechanical finite-element model are given elsewhere [272, 335].  

3.3.4 Phase Fractions and Thermal Properties 

In this work, six steel grades with different carbon weight percent of 0.003%, 0.05%, 

0.10%, 0.12%, 0.16 % and 0.23%, were examined. The mass fractions of liquid, δ-ferrite, and 

austenite (γ) for each steel are calculated as a function of temperature and steel composition, 

using the lever rule, as plotted in Figure 3.2. The phase diagram used in this work is a pseudo-

binary phase diagram which is constructed based on 15 points in temperature-composition space 

that changes with alloying elements [272]. A rule for multicomponent ternary systems is applied 

in the non-equilibrium three-phase region [335] . In this model, complete mixing of solute 

elements in the liquid phase and local equilibrium at liquid-δ, liquid-γ and δ-γ interfaces is 

assumed to calculate phase fractions. Thus, non-equilibrium thermal undercooling effects are 

neglected. 
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Figure 3.2. Phase fractions for six steel grades examined with different carbon content: (a) 

0.003%C, (b) 0.05%C, (c) 0.10%C, (d) 0.12%C, (e) 0.16%C, and (f) 0.23%C. 

 

Temperature dependent properties include thermal conductivity, enthalpy, mass density and 

thermal linear expansion, as shown in Figure 3.3, and are calculated using the method presented 

by Li and Thomas [272]. In mixed phase regions, specific heat, thermal linear expansion, and 

enthalpy are calculated using a weighted average (mixture rule) based on the mass fraction of the 

phases present at that temperature [272]. The thermal linear expansion (TLE) function for each 

phase is obtained from measurements of the solid-phase mass density [335, 347] and liquid 

density [348]. Further details on the TLE calculation can be found elsewhere [335]. 
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Figure 3.3. Temperature-dependent properties of six steel grades investigated: (a) thermal 

conductivity, (b) specific enthalpy, (c) mass density, and (d) thermal linear expansion. 

 

3.3.5 Numerical Details  

ABAQUS/Standard (implicit) [349] was used to solve the governing equations in two 

steps: the heat transfer analysis followed by the mechanical analysis. The ABAQUS user 

subroutine DFLUX [350] was used to apply the heat flux boundary condition. The calculated 

temperature field at each time step is an input to the mechanical analysis to calculate the thermal 

strain. Four-node axisymmetric convection/diffusion quadrilateral elements (DCCAX4) and 4-

node hybrid, bilinear axisymmetric quadrilateral, constant pressure elements (CAX4H) were 

used for the thermal and stress analyses, respectively. The time step size varied from 0.0001 to 1 

second, and was controlled to keep the maximum temperature change per time step within 50 K.  

(a) (b) 

(c) (d) 
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3.3.6 Mesh Resolution and Model Verification 

The finite element mesh, shown in Figure 1, consists of 50 × 60 elements, with a constant 

element size of 0.1 mm. This mesh refinement was chosen based on a convergence study 

conducted for temperature, stress and distortion results for low-carbon steel. In this study, LC 

steel (0.05%C) with standard heat flux was simulated with different element sizes, (1, 0.5, 0.2, 

0.1, and 0.05 mm), keeping the element aspect ratio (in radial r and height z directions) fixed at 1 

(square elements).  

 

 

Figure 3.4. Mesh convergence study results through droplet height for low-carbon steel 

(0.05%C) at 5 s: (a) Temperature, (b) Radial-stress, (c) Radial inelastic strain, (d) Radial fluid 

strain. 
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Figure 3.4 shows results for the five different mesh refinements after 5 seconds of 

solidification. Although larger elements (1, 0.5, and 0.2 mm) can accurately reproduce the 

temperature history, shown in figure 3.4(a), a much more refined mesh is needed to resolve the 

stress and strain behavior, shown in figure 3.4(b)-(d). The inelastic strain results, shown in 

figure 3.4(c), are the least accurate, especially near the chill surface. Only meshes with 0.2-mm 

elements or smaller (60 and 120 elements through droplet height) predict the strain profile 

accurately. Results for these meshes with 0.1 mm and 0.2 mm elements all match everywhere 

within 1%. Thus, the 50×60 element mesh, with 0.1 mm elements, was chosen for the rest of this 

work. The model was also verified with the well-known analytical solution for thermal stress 

during unconstrained plate solidification by Boley and Weiner [351], as documented elsewhere 

[335].  

3.4 Results and Discussion 

Carbon content and cooling conditions are investigated here as the main factors that 

influence thermal distortion during steel solidification. The effects of these parameters on 

temperature distribution, stress distribution and gap formation during solidification of the steel 

droplet are discussed in the next sections. 

3.4.1 Temperature Distribution 

Figure 3.5(a) shows temperature profiles through the droplet height after 1s of 

solidification for different carbon contents and heat fluxes. For a given heat flux profile, it can be 

seen that the temperature profile through the droplet for all the examined cases is almost the 

same with temperatures within ~ 15˚C. This demonstrates how steel grade has little direct effect 

on properties and heat transfer, for the same gap profile. Also, it is evident that the temperature 

gradient with HHF is much steeper than SHF and THF after the transition to lower heat flux. At 

https://link.springer.com/article/10.1007/s11661-017-4112-z#Fig10
https://link.springer.com/article/10.1007/s11661-017-4112-z#Fig10
https://link.springer.com/article/10.1007/s11661-017-4112-z#Fig10
https://link.springer.com/article/10.1007/s11661-017-4112-z#Fig10
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very early times (≤ 0.06 s), the temperature gradient with THF is steeper. Figure 3.5(b) shows 

temperature evolution of the bottom surface for different heat flux profiles, choosing 0.003%C 

steel as representative. With SHF and HHF, the surface temperature decreases continuously with 

time, while with THF, the bottom surface temperature increases by 94˚C after the drop in the 

heat flux. This reheating of the bottom surface takes place because the heat from inside the 

droplet is conducted to the surface faster than it can be removed. This demonstrates that such 

recoalescence behavior can be explained solely by the droplet surface lifting up from the chill 

plate, and does not require nonequilibrium undercooling during solidification (which is neglected 

in the current model).  

 

 

Figure 3.5. Temperature profile through the droplet height after 1s of solidification for six steel 

grades and different heat fluxes, and (b) change of bottom surface temperature with time for steel 

with 0.003%C and different heat fluxes.    

 

Table 1 presents phase transformation temperatures for the 6 investigated alloys, in 

addition to the time when the bottom surface reaches the solidus and δ→γ transformation 

temperatures, the droplet solidification time when the top surface reaches the solidus 

temperature, and the incubation time (introduced in section 3.5). It takes 18s, 8s and 17s for the 

bottom surface to reach 300 ˚C (end of simulation) for the SHF, HHF and THF cases.
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Table 3.1. Phase transition temperatures and times when droplet surfaces reach these temperatures for six investigated steels at 

different cooling conditions.   

Carbon 

Content 

(wt%) 

Liquidus 

Temp. 

(°C) 

Solidus 

Temp. 

(°C) 

→ 

Transformatio

n Start Temp. 

(°C) 

Heat 

Flux 

Case 

Time bottom 

surface reaches 

Solidus Temp. 

(s) 

Time bottom 

surface 

reaches → 

Temp.(s) 

Incubation 

Time (s) 

Time top 

surface reaches 

Solidus Temp. 

(s) 

0.003%C 1532 1532 1393 

SHF 0.01 0.38 0.40 4.3 

HHF <0.01 0.08 0.05 2.4 

THF <0.01 0.02 0.01 3.2 

0.05%C 1528 1500 1445 

SHF 0.05 0.19 0.52 4.7 

HHF 0.01 0.04 0.15 2.7 

THF <0.01 0.02 0.06 3.3 

0.10%C 1525 1480 1481 

SHF 0.09 0.09 0.30 4.8 

HHF 0.02 0.02 0.10 2.7 

THF 0.01 0.01 0.04 3.6 

0.12%C 1521 1479 1494 

SHF 0.08 0.05 0.26 4.8 

HHF 0.02 0.01 0.07 2.7 

THF 0.01 <0.01 0.03 3.7 

0.16%C 1519 1470 1494 

SHF 0.09 0.04 0.28 4.8 

HHF 0.03 0.01 0.08 2.8 

THF 0.01 <0.01 0.04 3.8 

0.23%C 1514 1463 1491 

SHF 0.12 0.03 0.57 5.8 

HHF 0.03 0.01 0.21 2.9 

THF 0.01 <0.01 0.06 3.8 
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With THF, the sudden drop in heat flux which accompanies gap formation results in 

surface reheating, thermal expansion of the surface layer, and a very large increase in the gap 

depth for all steel grades. The average heat transfer coefficient can be extracted from these 

results, based on the bottom surface temperature in figure 3.5(b) and choosing a chill plate 

temperature, such as 200˚C. From the instantaneous heat flux, 𝑞̇=hΔT, the average heat transfer 

coefficient, h, in the first 1s is calculated to be 4.4 kW/m2˚C for SHF and 11.4 kW/m2˚C for 

HHF. With THF, h drops from 16.8 to 4.7 kW/m2˚C after the first 0.06 s, which is very similar to 

the experimental measurements for pure iron [323].   

3.4.2 Stress Distribution 

Radial stress profiles through the droplet height at different times are presented in figure 

3.6(a) for the 0.10%C steel and HHF cooling conditions. After 1s of solidification, slight tension 

is generated along the droplet surface due the cooling shrinkage, and the interior is under slight 

compression. This may increase the risk of surface crack formation and this issue is more severe 

in peritectic steels. 

With further cooling to 2s, the stress profile reverses to compression along the bottom 

surface and tension in the interior. This reversal to the classic solidification stress profile is due 

to the most recently solidified steel towards the interior cooling and shrinking faster than the 

surface, as explained in previous work [335].  This stress profile naturally produces thermal 

distortion and gap formation that exhibits positive curvature of the droplet bottom surface.  

At the end of solidification, at ~5s for HHF, both the top and bottom surface layers are 

under compression with a balancing tension in the central part of the droplet. The average stress 
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through the cross section must always equal zero, as the droplet exterior is unconstrained. 

Further cooling increases the stresses, but causes little further thermal distortion and gap depth 

increase, owing to the tension at the top surface being similar to that at the bottom.  

Figure 3.6(b) compares the final stress state after the bottom surface temperature reaches 

300˚C for the different steel grades for both SHF and HHF conditions (ie. 18s for SHF and 8s for 

HHF). The HHF case generates the maximum compression at the bottom surface, that is 50% 

more than that of the SHF case. Furthermore, the maximum tension in the interior with HHF is 

almost 150% greater than with SHF. These results show that increasing heat flux increases stress 

gradients in the droplet.  

 

 

Figure 3.6. Radial stress profiles through the steel droplet (a) Evolution with time for 0.10%C 

steel with HHF, and (b) Final profiles at 300˚C for six examined steels and different heat fluxes. 

 

3.4.3 Strain Distribution  

Figure 3.6 shows the final radial strain distribution through the droplet when the bottom 

surface is 300°C. With no external load except gravity, the strains are all very small and thermal 

strain dominates the mechanical behavior. This strain is entirely shrinkage (negative), and 
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increases towards the droplet bottom surface to a maximum of 2.4%. The strain needed to 

accommodate fluid flow is also very important and reaches almost 1% as liquid is pushed out of 

and into the domain. Initially, the radial fluid flow is positive, as radial shrinkage from 

solidification decreases the cross-sectional area of the droplet and squeezes liquid upward. Later, 

the radial fluid flow becomes negative, as cooling and general shrinkage of the droplet draws 

liquid back down into the middle of the domain. This fluid flow is responsible for 

macrosegregation, which is obviously tiny in a droplet with such small strains.  The mismatch 

between thermal strains causes inelastic strains, which although they are tensile, are also small, < 

0.2%, so cracks, even hot tears, will not happen. The mismatch also causes elastic strains, which 

are very small, but critical, because they are directly responsible for the stresses. Creep lessens 

the elastic strains with time, but time is short, which partly explains why inelastic strains are 

small.  Elastic and inelastic strains are also small because the shell can bend to accommodate 

them, rather than building up strain and stress which occurs in larger castings which have more 

constraints. 

 

 

Figure 3.7. Final radial strain profile through droplet at 300°C for 0.10%C steel. 
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3.4.4 Thermal Distortion and Model Validation 

Figure 3.8 shows the gap depth profiles of the solidified droplet for the six steels 

investigated for the three different heat flux conditions. The shape of the bottom surface in all 

cases is a parabola with different positive curvatures. The gap depth is largest in the peritectic 

steels, especially those containing 0.10%C and 0.12%C, with 0.16%C almost as deep. The ultra-

low carbon steel (0.003%C) also experiences a very deep gap, especially with HHF. The low-

carbon steels (0.05%C) and high-carbon steels, 0.23%C, consistently have shallow gaps. This 

trend of gap depth change with carbon content agrees with the experimental measurements [116, 

310].    

 

 

Figure 3.8. Gap depth profiles for six steel grades investigated and different heat fluxes at time 

when bottom surface temperature is 300˚C: (a) SHF (b) HHF and (c) THF.  
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Figure 3.9 compares the simulated curvatures of the bottom surface, (Nd in Eq. 3.1 fitted 

from the results in figure 3.8 in this work), with the droplet test measurements on the copper and 

graphite chill plates [323]. The simulated results with THF, which correspond closely with the 

experimental heat flux conditions on the copper chill plate (Exp-cc), match very well with the 

measurements, both qualitatively and quantitatively. In addition, the model predictions at lower 

cooling rate, SHF, match reasonably well with the experimental measurements on the graphite 

chill plate (Exp-gc). Of greatest significance, the model accurately captures the complicated 

trend with steel grade, where thermal distortion of the droplet bottom surface is greatest for 

peritectic and ultra-low carbon steels.  

 

 

Figure 3.9. Comparison of predicted and measured droplet distortion for six steel grades 

investigated with different heat flux profiles.  

 

It should be noted that the experiments were repeated several times for each steel grade, 

and the measured curvatures exhibit significant variations, most likely due to variability in the 
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heat flux conditions. Nevertheless, the agreement demonstrates that the current computational 

model captures the phenomena that govern thermal distortion during initial solidification, and 

that determine the shape of the final surface during steel casting.  

3.4.5 Effect of Heat Flux Condition 

Figure 3.9 contains many results showing the effect of heat flux profile on the thermal 

distortion results. The gap depths are all significantly higher with THF, where the heat flux drops 

from 3.2𝑞̇𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑 to 𝑞̇𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑 at t=0.06s. This shows that the high initial heat flux has a great 

effect in generating thermal distortion, even though it lasts for only a very short time. The SHF 

and HHF cases with constant heat flux generate much lower gap depths, even though the HHF 

heat fluxes and cooling rates greatly exceed those of THF for all times after 0.06s. This shows 

that regardless of steel grade and heat flux, the air gap forms and grows mainly during the very 

early stage of solidification. Thus, the final gap depth is very sensitive to the initial heat flux, 

while the later heat flux has little effect.  

Figure 3.10 shows the evolution of the gap depth for the two most depression-sensitive 

steels, 0.003%C and 0.12%C, with different heat flux conditions. For all cases, the gap develops 

in three distinct stages. At the start of solidification, the gap depth remains at zero for a time 

period called “incubation time” in this paper. During this first stage, the steel shell is too weak to 

support even the small ferrostatic pressure from the liquid above it, so stays flat against the chill 

plate. The incubation time depends greatly on both steel grade and heat transfer coefficient, as 

shown in Table I, and greatly affects the final gap depth.  After this incubation time, the shell has 

strengthened enough to overcome gravity and lift off of the plate. The gap grows very rapidly for 

a short time during this second stage: “growth”. Finally, there is a long third “steady-state” stage, 

when the gap remains relatively constant. 
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By increasing the heat flux from SHF to HHF, figure 3.9 shows that the gap depths (and 

corresponding curvatures) of steels with the lowest carbon contents, 0.003%C, 0.05%C and 

0.10%C, increase significantly: by 100%, 140% and 100%, respectively. In contrast, the gap 

depths increase only slightly (12%, 5%, and 18%) for the other three grades, which have higher 

carbon content. Thus, there appears to be a general decrease in sensitivity to the higher heat flux 

with increasing C content, causing the jump in gap depth to decrease with increasing C content.  

The higher sensitivity to heat flux in steels with carbon content less than 0.1%C stems from 

the different phase transformation sequence in these steels, compared with higher carbon steels. 

As can be seen in figures 3.2(a-c) steels with C≤ 0.1% solidify completely as δ-ferrite before 

transforming to austenite.  

 

 

Figure 3.10. Gap depth evolution with time, comparing steels with 0.003%C and 0.12%C at 

different heat fluxes.  

 

In these steels, by increasing heat flux from SHF to HHF, the δ-ferrite becomes thick 

enough to overcome ferrostatic pressure sooner, which in turn decreases the incubation time and 
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increases the gap depth considerably. On the other hand, in steels with higher carbon content, the 

liquid partly transforms to δ-ferrite and then the remaining liquid solidifies as δ-ferrite and 

austenite via the peritectic reaction.  

The incubation time always occurs after the start of the δ→γ phase transformation, as 

shown in Table 1, except for 0.003%C steel, where this transformation is delayed. Increasing 

heat flux from SHF to HHF causes this transformation to occur sooner, as observed in figure 10 

for 0.12%C steel.  With THF, the incubation time occurs even sooner after the δ→γ 

transformation starts, especially for peritectic or partly-peritectic steels. 

Further increasing the initial heat flux from HHF to THF causes the final gap depth to 

increase by about 100% for all grades. This is due to the large decrease in incubation time in all 

cases, caused by the high initial heat flux of THF. 

3.4.6 Effect of Steel Composition 

Depression sensitivity varies greatly with steel grade, as indicated by the final surface 

shape (curvature), shown in figure 3.9. figure 3.10 shows that, for the ultra-low carbon steel 

(0.003%C) with SHF, the incubation time is relatively long, 0.4s, at which time the gap depth 

increases to 38μm over 0.1s. This long incubation time is due to the weakness of the pure delta-

ferrite initial shell, which is also very hot and thin due to the low heat flux, so it cannot overcome 

gravity during this long initial stage of solidification. The gap only starts to grow when austenite 

starts to form, after the surface has cooled to just below 1390 oC.  With HHF, the solidified γ 

layer thickness increases faster, enabling the shell surface to cool and gain strength sooner, so the 

incubation time is only 0.05s. This leads to an initial gap depth of 90 μm, which is more than 

twice as deep as with SHF. Further increasing the initial heat flux from HHF to THF further 

decreases the incubation time to only 0.01 s, which doubles the initial gap depth again. This steel 
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has a very short solidification temperature range compared with all other steels. Thus, this steel 

can solidify more solid, for the same heat transfer and time, which enables the solid shell to 

become thicker and stronger, even though it is composed of soft delta-ferrite. Thus, this steel has 

the second highest gap depths and sensitivity to surface depressions of all steel grades 

investigated.    

For 0.12%C steel with SHF, the incubation time is only 0.26s and the gap quickly grows to 

an initial depth of 81μm. This incubation time is shorter than that for ultra-low carbon and is due 

to the formation of the strong austenite phase very quickly after the start of solidification. For 

this steel, δ-ferrite is only stable for a 20˚C range, and quickly transforms to austenite via the 

peritectic reaction and subsequent peritectic transformation. Austenite is almost one order of 

magnitude stronger than δ-ferrite at the same temperature [352]. Thus, the solidified layer of 

0.12%C steel quickly transforms to austenite, is strong enough to overcome ferrostatic pressure, 

and forms a gap very soon after the start of solidification. With HHF conditions, the incubation 

time is only 0.07s for steel with 0.12%C steel. After this incubation time, the gap depth suddenly 

increases to 91μm. Increasing heat flux from SHF to HHF has little effect on gap depth because 

the incubation time to strong austenite formation is short in both cases. Further increasing initial 

heat flux to THF conditions, the incubation time decreases to only 0.03s and the gap depth 

increases to the largest final depth of 190 μm. As mentioned earlier, surface depressions during 

steel solidification are attributed to the shrinkage associated with the solid-state δ→γ phase 

transformation. In 0.12%C steel this transformation coincides with a sudden drop in TLE (from 

0.008 to 0.006) at 1490°C (see Figure 3.3). Because the new phase is the strong -phase (almost 

10 times stronger than δ-ferrite), the transformed austenite layer can overcome ferrostatic 

pressure even when it is very thin, (after only 0.03s), which aggravates the sudden TLE drop and 
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deepens the gap. As a result, this peritectic steel experiences the most severe gaps and sensitivity 

to surface depressions. 

Figure 3.11 shows the evolution of the gap depth for all six investigated steels with THF, 

which has the highest initial heat flux. The peritectic steel, (0.12%C) transforms to austenite the 

fastest, so has the largest drop in TLE immediately below the solidus temperature, very short 

incubation time (0.03s), and consequently exhibits the deepest gap. For low-carbon (0.05%C), 

and high-carbon (0.23%C) steels, there is a greater temperature from the solidus to the start of 

transformation to austenite (see figure 3.3(d) and Table 1). This delay in the shrinkage (TLE 

drop), causes the shells of these steels to remain weak for a longer incubation time (0.06s). The 

longer incubation time causes smaller temperature gradients across the thin initial shell, leading 

to the smallest final gaps, and the least propensity towards surface depressions. The partly-

peritectic steels (0.10%C and 0.16 %C) quickly transform to austenite, so have incubation times 

of only ~0.04 s, and thus these steels develop gaps almost as deep as the fully-peritectic steel of 

0.12%C steel.  

 

 

Figure 3.11. Gap depth evolution with time, with THF, for the six investigated steel grades.  
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These results show that the gap increases when the δ→γ transformation occurs sooner, 

(closer to the solidus temperature) and experiences the associated large drop in TLE when the 

shell is thinner. Ultra-low carbon steel has the shortest incubation time of 0.01 s and its gap 

depth is close to that of 0.12%C steel. It should be noted that with THF, for all grades, heat flux 

drops at 0.06s and the gap depth forms at either this time or earlier, (see incubation times in 

Table 1). With HHF conditions, heat flux is constant throughout solidification and cooling, but 

the gap still forms at roughly this time. With HHF, the droplet solidifies much sooner than with 

THF, but the gap depth is deeper with THF. These results confirm that the gap depth is 

controlled by heat flux during the very early stage of solidification, and usually starts soon after 

the start of the δ→γ phase transformation. Shorter incubation times produce deeper gaps. After 

that, changes in gap depth are very small, regardless of the heat flux.                        

3.5 Conclusions 

The effects of steel carbon content and heat flux on the distortion of a steel droplet during 

solidification were investigated using a thermo-elasto-viscoplastic finite element model. 

Following the droplet test [323] as a benchmark experiment, the same chemical composition, 

geometry, and heat flux conditions were simulated to validate the model predictions of curvature 

of the bottom surface of the droplet with the measurements. The main findings are: 

- The thermo-mechanical model captures the phenomena which govern gap formation 

during the initial stages of steel droplet solidification both qualitatively and 

quantitatively. 

-  Carbon content is the main factor that controls thermal distortion and bottom surface 

shape during steel solidification. The highest distortion, as indicated by the curvature of 

bottom surface of the droplet, is found in ultra-low carbon and peritectic steel grades. 
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- Heat flux also plays an important role in controlling thermal distortion during 

solidification. Increasing heat flux during the initial stages of solidification causes the gap 

depth (curvature of solidified droplet surface) to increase. This effect is most evident in 

ultralow carbon steels, and decreases with increasing carbon content, if the heat flux does 

not suddenly change.  

- A sudden drop in heat flux typically accompanies gap formation, and is called the 

incubation time. This causes surface reheating, thermal expansion of the surface layer, 

and a very large increase in the gap depth, for all steel grades.  

- Shorter incubation times lead to deeper gaps, owing to the higher temperature gradient 

across the thinner shell when the thermal distortion occurs. 

- For every steel grade and heat flux condition investigated, the gap forms very early 

during solidification, within 0.06s for fast cooling and within 0.4s for slow cooling, and 

remains relatively constant after that. The heat flux rate at later times, after the first 1s, 

has little effect on the final thermally-distorted shape. 

- The incubation time for gap formation is usually near or after the start of the δ→γ phase 

transformation, which is controlled by the steel grade and initial heat flux. Thus, the gap 

forms sooner with faster initial cooling rates, and in peritectic steels.  

- The gap depth is greatly affected by the δ→γ phase transformation. In peritectic steel 

grades, this transformation occurs very soon after a thin solid shell has formed, which 

leads to deep gaps, implying deep surface depressions in cast products.  

- Increasing the cooling rate and temperature gradient during initial solidification increases 

the severity of δ→γ phase transformation, and results in a deeper gap. 
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- The findings of this fundamental model and gap formation mechanism have important 

implications for the formation of surface depressions and related defects in commercial 

steel continuous casting processes. 
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CHAPTER 4  

INTERACTIVE EFFECTS OF INTERFACIAL ENERGY ANISOTROPY AND SOLUTE 

TRANSPORT ON SOLIDIFICATION PATTERNS OF AL-CU ALLOYS 

4.1 Abstract 

 Combined effects of the cooling rate, alloy composition, and crystal-melt (CM) interfacial 

anisotropy on solidification of Al-Cu alloys are studied by integrating molecular dynamics and 

phase-field simulations. Capillary fluctuation method is used to determine the CM interfacial 

energy properties by molecular dynamics simulations for alloys ranging from 3 to 11 at% Cu. 

While the average CM interfacial energy decreases with increasing Cu content, its anisotropy 

does not present a clear trend with composition change. Primary and secondary dendrite arm 

spacings as well as θ-phase fraction are calculated by phase-field simulations, and validated 

against experimental measurements and analytical solutions at cooling rates ranging from 1 to 

1250 K/s. Results show that the θ-phase fraction decreases with increasing the cooling rate, and 

this reduction is more drastic in alloys with a higher Cu content. Also, the microstructure 

features are influenced by the growth dynamics, where seaweed structure formation results in a 

more homogenous distribution of θ-phase and a finer microstructure. The effects of temperature 

gradient, Cu concentration gradient, and interfacial energy properties on the dendritic growth 

morphology of Al-Cu alloys are summarized by a map of supercooling versus the CM interfacial 

anisotropy to predict pattern formation. The results show that, irrespective of Cu content and 

cooling rate, the seaweed structure formation is halted at CM interfacial anisotropies larger than 

0.005. As the anisotropy decreases, different seaweed structures can form regarding the 

constitutional supercooling. At low anisotropies (Al-3 and Al-8.4 at% Cu) and low supercooling 

(Al-3 at% Cu) fractal or degenerate seaweed is dominant while at high supercooling (Al-8.4 at% 
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Cu) compact seaweed forms. This difference in supercooling stems from different solute atom 

transport rates.   

Keywords: Al-Cu alloys; Solidification microstructure; Interfacial energy anisotropy; Molecular 

dynamics; Multi-phase field modeling.   

4.2 Introduction 

The crystal-melt (CM) interfacial energy is an intrinsic material property that plays a 

critical role in solidification pattern formation [56]. It influences the solidification 

microstructures in two ways; first, dendrites grow during solidification along the directions with 

the highest CM interfacial energy, and second, the instability of interface affecting the dendrite 

patterns, is controlled by the CM interfacial energy [57-59]. The CM interface energy has an 

anisotropic nature with respect to the crystallographic directions. Despite the unknown atomistic 

origin of interfacial energy anisotropy, for most alloys, the anisotropy is very small resulting in 

only a couple of percentage change in the interfacial energy in different crystallographic 

directions [56]. However, it governs the nucleation and growth kinetics [60-62], morphology 

[63-65], and crystallographic growth direction of the dendrites [66].  

The instability of CM interface, which is influenced by the CM interfacial energy, controls 

microstructure evolution, dendrite arm spacing, and microsegregation patterns [58]. Coriell and 

Sekerka [67] added surface tension and surface kinetic anisotropy effects into the perturbation 

linear stability analysis and showed that the capillary term, that contributes in interface stability, 

is direction dependent [64, 68, 69]. Trivedi [353] compared experimental results with linear and 

weakly nonlinear analyses of the planar interface stability and showed that when a material is 

directionally solidified beyond the threshold of planar stability condition [71], the anisotropy of 
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interface properties not only affects the planar to cellular and cellular to dendritic transitions, but 

also causes tilting of cells and dendrite against the heat flow direction [72-74].  

Besides dendritic microstructures, diverse types of morphologies can be formed during 

solidification of metallic alloys, including seaweed, dense-branched, fractal-like, and variations 

between these patterns [83]. These morphologies result from interactive effects of thermal 

diffusion, mass diffusion, and inherent interfacial anisotropy on interface stability. Amoorezaei 

et al. [83] showed that in a directionally solidified Mg alloy with low interfacial energy 

anisotropy, any change in processing condition considerably alters the solidification morphology. 

Their results indicated that at a low pulling velocity, seaweed structure is dominant, while by 

increasing pulling velocity compacted seaweed is the main morphology. In another study, Xing 

et al. [84] investigated the dynamics of growing dendrites and showed that the seaweed is the 

dominant morphology at weaker interfacial energy anisotropies, lower pulling velocities, and 

higher thermal gradients. It is believed that the instability at the tips, which stems from low 

surface energy anisotropy, is responsible for the formation of such a morphology [85, 86]. Chen 

et al. [87] showed that tip splitting takes place during the solidification of Al-4 wt% Cu with low 

interfacial energy anisotropy, which leads to seaweed structure. They argued that the seaweed 

regime is formed by morphological instability occurring when the cell/dendrite tip becomes too 

wide.  

Despite its importance in predicting the microstructure, experimental measurements of the 

CM interfacial free energy and the anisotropy terms are very challenging and often not possible 

[88]. Because of the recent availability of reliable embedded interatomic potentials for metals, 

molecular dynamics (MD) has become a popular method for calculating the CM interface free 

energy. Among the two well-known methods, namely Cleavage [89] and the capillary fluctuation 
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method (CFM) [90], the latter results in a more accurate anisotropy parameter calculations, 

which is used in this study. CFM has been extensively used for interface energy calculations of 

metals [91-96], compounds [97], and binary alloys [98, 99].  

The interface energy for an alloy depends on the working temperature and alloy 

composition. There are different MD simulations that discuss how the change in chemical 

composition alters the interface free energy and its anisotropy. Becker et al. [100] used CFM to 

show that the CM interface energy in Ni-5at%Cu alloy is 7.4% less than pure Ni. Furthermore, 

the addition of 5 at% Cu decreases 1 (Fourfold anisotropy parameter) from 0.09 to 0.072 and 

increases 2 (Six-fold anisotropy parameter) from -0.011 to -0.007 [101]. Potter and Hoyt [102] 

applied the CFM to the Cu-rich Cu–Ag–Au system; they indicated that species with a high 

enthalpy of mixing tend to destabilize the dendrites growing in the 〈100〉 direction and promote 

a transition to the growth of hyper-branched and 〈110〉 –oriented dendrites. 

There are very limited experimental studies that support the computationally-predicted 

change in interface free energy and the corresponding anisotropy due to change in alloy 

composition.  Using experimental observation [103] and phase-field modeling [104], it was 

shown that in Al-Zn alloys (Zn<25 wt%) with high values of 𝜖1 (four-fold anisotropy parameter) 

and low values of |𝜖2| (six-fold anisotropy parameter), 〈100〉-oriented dendrites are dominant. 

When Zn concentration is more than 55 wt%, the value of 𝜖1 is low and the absolute value of 𝜖2 

is high. Under this condition,  〈110〉 is found to be the favorable growth direction. In the 

intermediate regions, surface energy anisotropy becomes very small and leads to the formation of 

seaweed structures or hyper-branched dendrites [105]. Recently, Wang et al. [56] showed that in 

Al-Sm alloy system, increasing Sm content drastically reduces anisotropy strength while 

increasing the average interface energy (𝛾0). The aforementioned studies indicate that chemical 
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composition is the main factor that controls CM interfacial energy and its anisotropy. Also, it 

was shown that since the equilibrium composition at CM interface changes by temperature, its 

energy and anisotropy are a function of temperature [107-109]. 

While the impact of CM interfacial anisotropy on the orientation selection and the interface 

stability is well established, there is a gap in the literature regarding its influence on the final 

phase fractions, arm spacing, and microsegregation. Furthermore, the combined effects of the 

CM interfacial anisotropy and alloying element content on growth dynamic are not well-

understood. In this work, we performed an atomistic-informed phase-field study to investigate 

the microstructure evolution during solidification of Al-Cu binary alloys under different 

solidification conditions. First, MD simulations are performed to reveal the relationship between 

CM interfacial energy properties and Cu content. Subsequently, a multi-phase field model is 

utilized to explore how Cu concentration gradient ahead of growing dendrite (Gc) and CM 

interfacial anisotropy collaborate to generate different solidification patterns and consequently 

different solidification features, such as dendrite arm spacings, and θ-phase fraction and 

distribution. The simulation results are validated by comparison to experimental measurements 

and analytical solutions in a wide range of cooling rates from 1 to 1250 K/s. 

4.3 Computational Models and Simulation Procedure  

We use multi-phase field modeling to study microstructure evolution and pattern formation 

during solidification of different compositions of Al-Cu binary system. MD simulations were 

completed to determine the CM interface energy and its anisotropy for different compositions.  

4.3.1 Molecular Dynamics Simulations 

In CFM [90], the interface stiffness is obtained based on the interface’s fluctuation 

amplitude, cross-section, and target temperature. Figure 4.1(a) demonstrates a snapshot of the 
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simulation system. The simulation system contains the coexistence of solid-and liquid, where the 

central part is in the liquid phase, and the CM interface normal is considered parallel to the z-

direction. The interface is quasi-two dimensional (2D), where the interface width along y-

direction, b, is much shorter than its length along x-direction, W. The simulation size along z-

direction is considered very large to avoid any interactions between the interfaces. The position 

of atoms located at the CM interface, as presented by orange color in figure 4.1(b), is used to 

determine the position of interface, 𝑝(𝑥), for each time frame. The deviation of the interface 

position from its mean value, 〈𝑝〉, can be written as a summation of Fourier Modes, 𝑝(𝑥) −

〈𝑝〉 = ∑ 𝐴(𝑘)𝑘 𝑒𝑖𝑘𝑥. Based on the equipartition of energy and considering the Fourier modes as 

the degrees of freedom, Equation (1) relates the interface stiffness to the amplitudes and modes 

of Fourier transform. 

𝛾 + 𝑑2 𝛾 𝑑⁄ 𝜃2 =
kB𝑇

bW〈|𝐴(𝑘)|2〉𝑘2                                                         ( 4.1) 

where kB, is Boltzmann constant, 𝑇 is the temperature, 〈|𝐴(𝑘)|2〉 is the mean squared 

amplitude of the Fourier modes, and k is the mode wave number. 𝛾 is the CM interface free 

energy and 𝛾 + 𝑑2 𝛾 𝑑⁄ 𝜃2 is the interface stiffness, where 𝜃 is the angle between instantaneous 

local interface normal and the average orientation of interface. Interface free energy is an 

anisotropic property, and one can calculate the anisotropy term by considering different 

crystallographic orientations for the CM interface in the CFM. The spherical harmonic expansion 

of interface energy, which depends on interface normal orientation (𝑛̂), is represented: 

𝛾(𝑛̂) = γ0[1 + δ1(4 ∑ 𝑛𝑖
43

𝑖=1 − 3) + δ2(∑ 𝑛𝑖
63

𝑖=1 + 30𝑛1
2𝑛2

2𝑛3
2)]                    (4.2) 

where 𝑛𝑖(𝑖 = 1,2,3) are the components of normal to the interface vector, 𝑛̂ in x and y and 

z-directions, γ0 is the mean CM interface free energy, and δ1 and δ2 are the anisotropy 
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parameters, [354]. γ0, δ1, and δ2 can be estimated by fitting the stiffness calculated from MD 

simulations to the analytical stiffness expression calculated from Equation (2). Details on 

obtaining the analytical stiffness expressions for each orientation can be found in our previous 

works [93-96, 98, 99]. 

 

 

Figure 4.1. (a) Snapshot of MD simulation system demonstrating the two-phase coexistence slab. 

The red and blue colors represent the solid and liquid phases, respectively. The atoms located at 

the interface are colored as orange. (b) Order parameters, 𝜓 and 𝛽, as a function of z. They are 

used to identify the solid and liquid phases. 

 

All the MD simulations are performed using LAMMPS (Large-scale Atomic/Molecular 

Massively Parallel Simulator) [355], and the Al-Cu interatomic potential used in this study is 

developed by Avik and Asle Zaeem [356], which is based on the second nearest neighbor 

modified embedded atomic method (2NN-MEAM). This potential is specifically developed to 

reproduce the high temperature thermophysical and transport properties of the binary Al-Cu 

system. It should be mentioned that we have recently performed in depth nanoscale solidification 
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study of metals and performed uncertainty calculations to show the accuracy of MD simulations 

with 2NN-MEAM potentials [357, 358].  

Since fluctuations of CM interface must be performed on the fully equilibrated 

coexistence of CM, the equilibrium CM phase boundary compositions for different temperatures 

are required. Thus, the first step is performing MD simulations to calculate the phase diagram. 

The details of phase-diagram calculations are explained in our previous work [98]. We calculate 

the phase diagram for temperatures ranging between 925 K (melting point of pure Al) and 860 

K. 

For [100]-oriented CM interface, first the interface energy is calculated by MD simulations 

using 50×4×80 face-centered cubic (fcc) unit cells (6400 atoms) of pure Al with [001] 

orientation along the z-direction. The simulation systems with [110] and [111] interface 

orientations have similar dimensions and number of atoms. First, the simulation system is 

equilibrated under NPT ensemble at the target temperature for 100 ps. Then, the central half of 

the system is melted by performing an NVT ensemble, at T=2000 K, for 40 ps, while keeping the 

rest of system unchanged. The temperature of the system is reduced to the target temperature, 

and to determine the interface energy of Al-Cu systems, some of Al atoms in the solid and liquid 

phases are replaced by Cu alloys such that the final solute concentration in each phase is 

consistent with the phase diagram. The simulation box sizes in x and y-directions are adjusted to 

obtain the correct lattice parameter of the solid phase at the target temperature and composition. 

This lattice parameter is obtained from a separate MD simulation on a system having solute 

concentration corresponding to the target temperature.  

After proper size scaling of the simulation box, the system is equilibrated under a hybrid 

NPZZT (isothermal-isobaric) MD/MC ensemble. During this process, the box size is only allowed 
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to change in the z-direction, and the equilibration of concentration is performed using MC to 

randomly attempt swapping 3000 Al and Cu atoms every 5000 steps. The overall equilibration 

time considered ranges between 1 ns and 2. During this process, the potential energy of the 

system should approximately stay constant during the last 200 ps of the equilibration time.  At 

the final step, an NPH ensemble (isoenthalpic–isobaric) is performed for 240 ps. During this 

step, the system configuration is saved every 1 ps for further analysis of the interface 

fluctuations. 

Further analysis of the trajectory files is required to determine the local interface position, 

 𝑝(𝑥). This is performed by introducing an order parameter, 𝛽 , for each atom, which identifies 

the solid and liquid phases by comparing the positions of its 12 first neighbors with its perfect 

crystal, 𝑟𝐹𝐶𝐶 [92]. 

𝛽 =
1

12
∑ |𝑟𝑖⃗⃗⃗ − 𝑟𝐹𝐶𝐶|2

𝑖                                                          ( 4.3) 

This order parameter fluctuates a lot, as presented in figure 4.1(b), which makes the 

determination of interface position challenging. Thus, a new order parameter, 𝜓, was introduced 

by Asadi et al. which uses a smoothing function, 𝑤𝑑, to reduce fluctuations of 𝛽 [94]: 

𝜓(𝑥, 𝑧) =
∑ 𝑤𝑑𝑟𝑖𝛽𝑖𝑖

∑ 𝑤𝑑𝑟𝑖𝑖
                                                              ( 4.4) 

Where 𝑤𝑑 = [1 − (𝑟𝑖 𝑑⁄ )2]2, 𝑟𝑖 = √(𝑥𝑖 − 𝑥)2 + (𝑧𝑖 − 𝑧)2. The smoothing is performed 

over cylinders perpendicular to the y-direction with the radius of 𝑑. Figure 4.1(b) shows the 

change of 𝜓 and 𝛽 along the z-direction. The initial order parameter, 𝛽, fluctuates a lot, therefore 

the smoothened order parameter, 𝜓, is used, which approximately takes constant values in solid 

and liquid, and the location of the interface is defined to be where 𝜓 is halfway between those 



 

121 
 

values. By performing Fourier transform on the interface position data and averaging the Fourier 

amplitude over all the time frames, we use Equation (1) to calculate the interface stiffness. 

4.3.2 Multi-Phase Field Modeling  

In this paper, a multicomponent multiphase-field model presented by Eiken et al. [359] is 

used, which is implemented in the software MICRESS® (version 6.4) [360]. Three non-

conserved order parameters were assigned for liquid, α-phase (fcc-Al) and Al2Cu, and one 

conserved order parameter, c, was assigned for Cu concentration. The phase-field equation 

governing the interface kinetics is expressed as [361],  

𝜑̇𝛼 = ∑ Mαβ
𝜑ν

β≠α [b∆Gαβ − 𝜎𝛼𝛽(Kαβ + Aαβ) + ∑ Jαβγ
ϑ
γ≠β≠α ]                        ( 4.5) 

 𝜑̇𝛼 is the time derivative of order parameter, where, α, β, and γ represent three different 

phases, and  ν is the number of grains in the system. The subscripts αβ and αβγ represent the 

interface between grains with α and β phases, and the triple point junction between grains with α, 

β, and γ phases, respectively. Parameter Mαβ
𝜑

 represents the phase-field mobility of the 

interface αβ and is related to the kinetic coefficient in the Gibbs-Thomson equation, μαβ
G  (also 

known as the sharp interface mobility), through Eq. 4.6 [361]. 

Mαβ
𝜑

=
μαβ

G

1+
μαβ

G η∆sαβ

8
{∑ mi

l ∑ [(Dα
ij

)
−1

(1−kj)𝑐𝑗𝛼]ji }

                                            (4.6) 

η is the interface thickness in the phase-field simulations, ∆sαβ is the entropy change 

during α to β phase transformation, mi
l is the slope of the liquidus line, Dα

ij
 is the diffusion matrix 

in α phase, and kj is the partition coefficient of solute atom j. For alloys where η is finite, the 

equation will result in a phase-field mobility that is smaller than the sharp interface mobility. 
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The first (b∆Gαβ), second (σαβ(Kαβ + Aαβ)), and third (∑ Jαβγ
ϑ
γ≠β≠α ) terms on the right-

hand-side of Equation (5) represent the bulk, interface, and high order junction energy terms, 

respectively. In the first term, b is the pre-factor and ∆Gαβ is the molar Gibbs free energy density 

calculated by Equations (7) and (8), respectively. 

b =
π

η
(𝜑𝛼 + 𝜑𝛽)√𝜑𝛼𝜑𝛽                                                       ( 4.7) 

∆Gαβ =
1

vm
[μβ

i (𝑐𝛽) − μα
i (𝑐𝛼)]                                               ( 4.8) 

vm is the molar volume of the phases, c⃗α and c⃗β are concentration of solvent in α and β 

phases,  μβ
i (c⃗β) and μα

i (c⃗α) are the chemical potential of component i in α and β phases, which 

are defined as the increment in the Gibbs free energy of the phases, Gα or Gβ , when a very small 

moles of species i, ni, is added to these phases, while all other variables of the phase are kept 

constant. 

In the second term of Equation (5), σαβ, Kαβ, and Aαβ represent the interfacial energy, 

pairwise curvature, and anisotropy of the interface αβ, respectively. While σαβ is a constant 

value, Kαβ is calculated by:  

𝐾𝛼𝛽 =
π2

2η2 (𝜑𝛽 − 𝜑𝛼) +
1

2
(∇2𝜑𝛽 − ∇2𝜑𝛼)                                ( 4.9) 

And the anisotropy of the interface for cubic symmetry is given by  

Aαβ = 1 + ε4 cos(4𝜑).                                                     ( 4.10) 

ε4 is the strength of anisotropy, ε4 ∈ (0 1), and 𝜑 is the azimuthal angle measured from a 

reference direction.  

The high order triple junction term in the third term of Equation (5), Jαβγ, is calculated from 

equation (11) as:  
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 Jαβγ =  
1

2
(σβγ − σαγ) (

π2

η2
𝜑γ + ∇2𝜑γ)                                            (4.11) 

Solute diffusion is described by [361]: 

𝑐̇𝑖 = ∇ ∑ ∑ 𝜑𝛼Dα
ij

𝛻𝑐𝛼
𝑗n−1

j=1
ν
α=1                                                    ( 4.12) 

For a system with n species, 𝑐𝑖=1…..𝑛−1 are the concentrations of the solute species. 

Diffusion coefficients 𝐷𝛼
𝑖𝑗

are function of temperature individually for each phase in an Arrhenius 

approach.  

Simulations are executed on 2D domains of 200 μm × 200 μm and 600 μm × 1000 μm with 

grid spacing of Δx =Δy = 0.2 μm. Furthermore, a 3D simulation was performed with 

150 μm × 150 μm× 150 μm domain size and the same grid spacing as in 2D to show there is not 

a noticeable difference between 2D and 3D results. The simulations started from 100% liquid 

phase at liquidus temperatures. The liquidus temperatures for Al-Cu alloys with 3, 6, 8.4 and 

10.6 at% Cu were obtained from Thermo-Calc simulations, and they are 915.35K, 897.8K, 

883.13K, and 869.3 K, respectively. Heat is extracted from the bottom boundary to an external 

medium with a fixed temperature of 298K and different heat transfer coefficients (h) of 0.5, 2, 

and 4 W/cm2K. We used an embedded model for heterogeneous nucleation that creates randomly 

oriented initial seeds of the solid phase α at the bottom boundary (with 1μm thickness) whenever 

the local undercooling exceeded the required critical value (1 K for all simulations), while 

further nucleation is prohibited. Al2Cu nucleation takes place at the interfaces of α/liquid with 

the same undercooling criterion [362]. The interaction between Al2Cu with liquid and alpha 

phases was considered to be isotropic. The interfacial energies of Al2Cu/liquid and Al2Cu/alpha 

were set to 9.2×10-6 [363] and 3.7×10-5 [364], respectively. 
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The set of multi-phase-field equations are solved using finite-difference method to simulate 

the growth of the phases [365]. Solute redistribution is evaluated at all phase interfaces under the 

constraint of equal diffusion potentials [359]. Diffusion of Cu is solved in the liquid and α-phase 

under consideration of a numerical anti-trapping current within the diffuse interface 

regions [366]. Temperature is evaluated in the direction of heat flow (1-D temperature field). The 

conductivities of liquid and α-phase are set to 1.5 and 1.9 W/cm.K, respectively [367-369]. All 

thermodynamic materials properties such as driving forces, local undercooling, interface 

concentrations, heat capacity, enthalpy, and latent heat as well as the diffusion kinetics required 

for the phase-field simulation are calculated using Thermo-Calc and are passed to MICRESS 

through the TQ-interface (Thermodynamic Calculation Interface). The thermodynamic and 

mobility databases used for the current study are TCAL7 (Thermo-Calc database for Al-based 

alloy, version 7) and MOBAL5 (Al-based alloy mobility database, version 5). 

Boundary conditions for phase-field order parameters and concentration are periodic at the 

left and right boundaries of the 2D domain, and the Neumann boundary condition (no-flux) is 

applied at the top and bottom boundaries. Boundary conditions for temperature are as follows: 

fixed at the bottom and the Neumann boundary condition (no-flux) at the top, left, and right 

boundaries. 

4.4 Results and Discussion 

Al-Cu alloys with 3, 6, 8.4, and 10.6 at% Cu are studied in this work. Solidification takes 

place by removing the heat from the bottom surface of the 2D domains under different heat 

transfer coefficients of 0.5, 2, and 4 W/cm2K. First, the effect of Cu content on CM interfacial 

energy and its anisotropy is investigated through MD simulations. Then, multi-phase modeling is 
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used to study microstructure evolution and solidification pattern formation in the aforementioned 

Al-Cu alloys. 

4.4.1 Crystal-Melt Interfacial Free Energy and Related Anisotropy Calculations 
 

The first step for calculating CM interfacial free energy is obtaining the equilibrium 

crystal-melt phase boundary compositions for different temperatures. Interface energy 

calculations are performed on systems with Cu compositions ranging between 3 and 11 at%; the 

corresponding portion of the Al-Cu phase diagram, calculated by MD simulations and Thermo-

Calc, is presented in figure 4.2.  

 

 

Figure 4.2. Cu-rich composition-temperature phase diagram for Al-Cu alloy calculated by MD 

simulations and Thermo-Calc. The symbols L and S denote the liquid and solid phases, 

respectively. 

 

MD simulations are performed considering different orientations for the interface normal 

and interface width, given by [] and < >, respectively. Table 2 summarizes the details of the 

investigated orientations and the corresponding interface energy and stiffness expressions using 

Equation (2).  For the interface planes with three-fold or higher symmetry, the stiffness value 
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does not depend on the orientations in which the interface is curved [370]. [110] oriented 

interface is an example that includes a two-fold symmetry. Thus, as demonstrated in Figure 4.2, 

considering two different orientations (〈001〉 and 〈001〉) in the x-direction alters both the 

stiffness expression and its value. For the [110] CM interface, we performed two separate 

simulations, and one can distinguish the difference in their stiffness expressions presented in 

Table 1.  

For each orientation, the interface stiffness is estimated by the slope of line fitting 

kB𝑇/(bW〈|𝐴(𝑘)|2〉) versus 𝑘2. The stiffness values calculated by MD simulations are fitted to 

the stiffness expressions using Equation (2) to calculate the average CM interface free energy 

and the anisotropy parameters. Figure 4.3 shows the variation of kB𝑇/bW< |𝐴(𝑘)|2 > versus 𝑘2 

for the CM interface energy of the Al-Cu binary system at T= 888 K with the solidus and 

liquidus Cu compositions equal to 1.16 and 6 at%. 

 

Table 4.1. The expressions of interface free energy, γ,  and stiffness, 𝛾 + 𝑑2 𝛾 𝑑⁄ 𝜃2, for various 

interface orientations, as given by Equation (2). 

orientation 𝛾 𝛾 + 𝑑2 𝛾 𝑑⁄ 𝜃2 

〈100〉 [001] γ0 [1+δ1 +δ2] γ0 [1 - 15 δ1 – 5 δ2] 

〈001〉 [110] γ0 [1 - δ1 +0.25 δ2] γ0 [1 -9 δ1 + 13.75 δ2] 

〈11̅0〉 [110] γ0 [1 - δ1 +0.25 δ2] γ0 [1 + 15 δ1 + 6.25 δ2] 

〈11̅0〉 [111] γ0 [1 – 1.67 δ1 +1.22 δ2] γ0 [1+ 9 δ1 – 9.45δ2] 

 

It should be mentioned that Equation (1) fails for small wavelengths, and a logarithmic 

behavior is expected for large values of 𝑘 [101]. Thus, in the fitting process and stiffness 

calculations, only the portion of the MD results related to the linear section is used in the 

analysis.  The fitting process results in γ0=96.11±7.4 mJ/m2, δ1=0.014, and δ2=-0.0042. 
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Considering δ1>0 and a small value for δ2, Equation (2) produces either [100] and [110] 

dendrites. Larger δ1 results in the growth of [100]-oriented dendrites, but when δ2<0, [110] 

dendrites can also grow [104].  

A similar process is repeated for all the other binary systems. The interface energy and 

anisotropy parameters are summarized in table 2. In Table 4.2 Each binary system is presented 

by a temperature and the corresponding equilibrium liquidus and solidus concentrations.  

 

 

Figure 4.3. The variation of kB𝑇/(bW〈|𝐴(𝑘)|2〉) versus 𝑘2 for different orientations as obtained 

by MD simulations of Al-Cu binary system at T=888 K with solidus and liquidus Cu 

compositions equal to 1.16 and 6 at.%. The dotted lines are linear fits to symbols with the same 

color. 

 

The results do not reveal a trend line for the anisotropy changes, but the mean CM interface 

free energy decreases by a decrease of temperature (an increase of solute concentration). In 2D, 

the interfacial energy is: 

γ = γ0(1 + ε4(cos4𝜑))                                                 (4.13) 
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where 𝜀4 is the anisotropy parameter in 2D, and 𝜑 is the azimuthal angle. Using 

trigonometric relations, 𝜀4 is calculated as a function of 3D anisotropy parameters (δ1 and δ2) 

and presented in Table 2. The details of calculating 𝜀4 is presented in Appendix 1. 

 

Table 4.2. The average interface free energy, γ0 (mJ/m2), anisotropy parameters, δ1 and δ2, 

defined in Eq. 4.2, and 𝜀4, defined in Eq. 4.13, for four Al-Cu binary systems. Each binary 

system is identified by the solidus, CS, and liquidus, CL, compositions at temperature T, which 

are obtained from the phase diagram, Figure 4.2. 

 γ0 δ1 δ2 ε4 

Case Ⅰ:     T=905 K     Cs=0.96 at%     CL=3.05 at% 110 ± 4.9 0.0045 -0.0026 0.0035 

Case Ⅱ:    T=888 K     Cs=1.16 at%     CL=6.0 at% 96.11 ± 7.4 0.014  -0.0042 0.0124 

Case Ⅲ:   T=874 K     Cs=1.93 at%     CL=8.2 at% 92.24 ± 7.3 0.008 -0.0044 0.0050 

Case Ⅳ:   T=860 K     Cs=2.2   at%     CL=10.6 at% 89.8 ± 6.9 0.01 -0.0079 0.0071 

 

4.4.2 Grid Convergence Study 

Grid convergence study was conducted for directional solidification of Al-3 at% Cu with 

different heat transfer coefficients (h), to demonstrate that the solution is independent of the 

discretization at different growth rates. Grid spacing is not the only numerical parameter that 

influences simulation results, and proper interface mobility (IM) values need to be determine to 

guarantee diffusion-controlled growth without kinetically slowing down the interface [371]. In 

order to determine appropriate grid size and IM, simulations should be run with different IM 

values for a constant grid size, and phase fraction versus time should be plotted for quantitative 

grid resolution study [371]. By increasing IM value two behaviors can be observed: (1) If grid 

size is large, by increasing IM, the growth rate increases until numerical instability takes place, 

or (2) If grid spacing is fine enough, by increasing IM, the growth rate will reach a constant 
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value and remains constant even for higher IM values. In this study, heat transfer coefficients 

were set to h= 0.5, h=2, and h=4 W/cm2K, and for each heat transfer coefficient a grid resolution 

study was conducted where domain size was 100 μm by 120 μm. Figure 4.4(a)-(c) show θ-phase 

fraction as a function of time for grid size of 200, 100, and 50 nm at different IM values for 

h=0.5 W/cm2K. In this figure for all grid sizes, the growth rate of θ-phase increases by increasing 

IM. While for grid spacing of 200 nm, numerical instability takes place at IM of 0.8 cm4/Js and 

no instability was observed in the case of grid sizes of 100 and 50 nm. The solidification 

microstructure for different grid size at IM of 0.8 cm4/Js are shown in figure 4.4(d)-(f). 

These results prove that by choosing a grid size of 100 nm and an IM value of 0.4 cm4/Js 

when heat transfer coefficient is h=0.5 W/cm2K, the solution is independent of grid size. 

Furthermore, the minimal interface curvature radius (minimum tip radius) at h=0.5 W/cm2K is 

600 nm which is much higher than the selected grid size.  

The same procedure was followed to perform grid convergence studies for heat transfer 

coefficients of 2 and 4 W/cm2K. The results demonstrated that the results are independent of grid 

size for both heat transfer coefficients when the grid size and IM value are 50 nm and 0.4 cm4/Js, 

respectively. The minimal radius of curvature of interface at h=2 and h=4 W/cm2K is 350 and 

300 nm, respectively, which is much higher than the selected grid size.  
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Figure 4.4 Grid convergence data (a-c) θ-Phase fraction as a function of time for different grid 

size and IM values at heat transfer coefficient of h=0.5 W/cm2K, (d-f) Related microstructure at 

IM of 0.8 cm4/Js and different grid size, (d) 200 nm, (e) 100 nm, and (f) 50 nm. Numerical 

instability takes place when grid size is 200 nm while no instability was observed when grid size 

is set to 100 and 50 nm, even for very high IM values.  

 

4.4.3 Comparison of Predicted Primary Dendrite Arm Spacing to Experiments 
 

Simulation results of the primary dendrite arm spacing (λ1) of Al-3 at% Cu (Al-6.9 wt% 

Cu) are validated by experimental measurements [372-378] and analytical solutions[379, 380]. 

We performed 2D phase-field simulations of solidification for cooling rates ranging between 3.2 

and 165 ̊C/s. Also, a 3D phase-field simulation is completed to show there is only a negligible 

difference between 2D and 3D simulations in this study. Figure 4.5(a)-(f) presents the dendritic 

microstructure at different cooling rates, and the overall comparison of the phase-field results 

with the experimental measurements and analytical solutions is summarized in figure 4.5(g). The 

model predictions are in a good agreement with the experimental measurements. Also, it is 

evident that at low cooling rates, long secondary arms are developed in directions that are not 
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necessarily perpendicular to primary arms; while by increasing the cooling rate, secondary arms 

get shorter and are perpendicular to primary dendrites. This change of secondary arm features 

with cooling rate has been observed in both experimental [381] and simulation [382] studies. It 

should be noted that in the case of 3D simulation, the primary dendrite arm spacing was obtained 

using the Voronoi Warnken–Reed approach with α parameter equals to 1.8 [383] .  

 

 

Figure 4.5. Predicted microstructure using 2D phase-field simulations at different cooling rates 

(a) 3.2 °C/s, (b) 7 °C/s, (c) 17 °C/s, (d) 52 °C/s, and (e) 165 °C/s; (f) 3D phase-field simulation at 

cooling rate of 52 °C/s; orange and green colors show solid and liquid phases, respectively; and 

(g) Comparison of the experimentally measured primary dendrite arm spacing with phase-field 

simulation results. 

 

It can be seen in figure 4.5(f) that 9 dendrites are formed in the domain. The traditional 

approach for measuring λ1, is given by λ1=c√
𝐴

𝑛
,  where n is the number of dendrites, A is the area 

normal to growth direction, and c is coefficient equals to 1.075 for hexagonal array of points 

[384] which is the case for 3D simulation. Considering this approach, λ1=53.75 which is very 

close to the obtained value from the 2D simulation with the same cooling rate (52 °C/s). 
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4.4.4 Microstructures Characteristics  

We investigate the microstructural features and how they are related to solidification 

conditions. The microstructures of solidified Al-Cu alloys with different heat transfer 

coefficients (different h) predicted by phase-field simulations are presented in figure 4.6. In this 

figure, green, white and red colors represent α-phase, θ-phase, and liquid, respectively. 

 

 

Figure 4.6. Microstructures of Al-Cu alloys solidified with different heat transfer coefficients. 

The temperature of top surface is 397 K for all cases.  

 

The solidified microstructures are different in many aspects, including primary and 

secondary arm spacing, phase fractions, and phase distribution. These diverse microstructures 

stem from different growth dynamics of dendrites during solidification, which is influenced by 
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solute atom redistribution, the anisotropy of CM interface energy, and cooling conditions. We 

will focus on the solidification pattern formation in the following sub-section (3.5), and here we 

focus on analyzing the microstructural features. For all investigated alloys, when the heat 

transfer coefficient is 0.5 W/cm2K, dendrites are tilted against the heat transfer direction (HTD). 

By increasing h to 2 and 4 W/cm2K they get aligned with HTD. In addition to the change in 

dendrite growth direction, dendritic morphologies in different alloys show different behavior by 

increasing h, especially for Al-3 and Al-8.4 at% Cu.  

Due to low CM interfacial energy anisotropy, a morphology known as seaweed structure 

forms during solidification with a morphology very sensitive to cooling condition (discussed in 

section 3.5). On the other hand, in alloys with 6 and 10.6 at% Cu dendritic morphology is 

dominant in all heat transfer coefficients. In order to gain further insights into the effect of Cu 

content and cooling condition on the solidification microstructure of Al-Cu alloys, it is necessary 

to quantitatively show how microstructure characteristics change with these parameters. figure 

4.7(a) and figure 4.7(b) compare simulations and analytical results of primary dendrite arm 

spacing (λ1) and secondary dendrite arm spacing (λ2) at different heat transfer coefficients.  

A few analytical models have been proposed for predicting λ1 [380, 385-387] and all of 

them have a similar form to the model presented by Dantzig and Rappaz [58]: 

𝜆1 = (
72π2ΓslDl∆T0

ke
)

1

4
 (𝑣∗)−

1

4 (𝐺)−
1

2                                         ( 4.14) 

𝛤𝑠𝑙 is the Gibbs-Thomson coefficient, Dl is diffusion coefficient of solute atom in liquid, 

and ∆T0 is freezing range. For the analytical solutions presented in figure 4.7, the material 

properties are obtained from MD and Thermo-Calc simulations. In addition, the processing 

conditions, namely the interface velocity (𝑣∗) and the temperature gradient (𝐺), are obtained 
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from phase-field simulation results. The required data and the procedure for calculation of 

dendrite arm spacings via analytical solutions are represented in appendix 2.     

In figure 4.7(a), λ1 decreases by increasing the heat transfer coefficient and Cu content. 

These results agree with the experimental measurements [372, 388, 389] and analytical solutions 

presented in figure 4.7(a). Furthermore, it can be seen from this figure that the effect of Cu 

content on λ1 is more pronounced at a lower cooling rate (h=0.5 W/cm2K) and decreases with an 

increase in h. Based on Eq. 4.14, the parameters affecting λ1 are divided into two main groups: 

material properties and processing conditions. Considering the data in Table A.2 (in the 

Appendix), for h=0.5 W/cm2K, the net effect of the processing condition ((𝑣∗)−
1

4 (𝐺)−
1

2) 

considerably decreases with Cu content. But for other two h values, the decrease of 

  (𝑣∗)−
1

4 (𝐺)−
1

2 with the increase of Cu content is minor. In addition, material properties effect in 

Eq. 4.14 show a decreasing behavior by increasing Cu content. Both Dl and ∆T0 decrease with 

increasing Cu content [390] and their values are presented in Table A.1 (in the Appendix). Also, 

for a 2D simulation of a crystal with four-fold symmetry, the Gibbs-Thomson coefficient is 

given by [391]: 

𝛤𝑠𝑙 =
γ0(1−15ε4(cos4𝜑))

ρ∆sf
                                                 (4.15) 

where ρ is alloy density, and ∆sf is entropy of fusion. The value of 𝛤𝑠𝑙  for alloys with 3, 6, 

8.4, and 10.6 at% Cu are 6.63×10-8, 4.83×10-8, 5.25×10-8, and 5.16×10-8 Km, respectively. 

(presented in the Appendix). Overall, the decrease of Dl and ∆T0, and the oscillating change of 

𝛤𝑠𝑙 with the increase of Cu lead to decrease of λ1 with Cu.  

The analytical model for calculation of λ2 was presented by Dantzig and Rappaz [58]: 
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𝜆2 = 5.5 (−
ΓslDlln(

𝐶𝑒𝑢𝑡
C0

)

𝑚𝑙(1−ke)(𝐶𝑒𝑢𝑡−C0)
)

1

3

(
∆T0

Gv∗)

1

3
                                 ( 4.16) 

where 𝐶𝑒𝑢𝑡 is the final composition of liquid just before solidification, and 𝑚𝑙 is the local 

temperature-concentration slope at the liquidus line of the given alloy, which are both extracted 

from Thermo-Calc simulation.  Figure 4.7(b) shows that λ2 decreases by increasing h and Cu 

content, but again the rate of change is higher with Cu at h=0.5 W/cm2K. In all cases, increasing 

Cu content decreases λ2 indicating that finer microstructures are obtained at higher Cu contents, 

which is in agreement with experimental observations [388] and analytical models [58, 392, 

393].  

 

 

Figure 4.7. Effect of heat transfer coefficient content on (a) λ1, (b) λ2, and (c) θ-phase fraction for 

different alloys. 
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From Eq. 4.14-4.16, it is obvious that the effect of CM interfacial energy anisotropy on 

dendrite arm spacings is mixed with the influence of other material properties which results in 

decrease of arm spacings with Cu content. But, it should be mentioned that the main effect of 

CM interfacial energy anisotropy is on pattern formation during solidification of θ-Phase 

(discussed in section 3.5) which have great effect on final microstructure especially distribution 

of phases. 

Figure 4.7(c) shows the effect of heat transfer coefficient on the θ-phase fraction (θ-PF) in 

the investigated alloys. The results show that by increasing h, the amount of θ-phase for all 

alloys decreases linearly. This behavior has been observed in experimental work too [388]. In all 

alloys, θ-phase forms via eutectic reaction but at different undercooling which is imposed by 

different heat transfer coefficients. Figure 4.8 shows the phase fraction change as a function of 

time for different alloys and heat transfer coefficients. This figure indicates that in equilibrium 

conditions (obtained from Thermo-Calc) eutectic reaction takes place at 820.75 K. When h=0.5 

W/cm2K, eutectic reaction takes place at 819.4 K (1.3 undercooling) in all alloys and results in 

the formation of a eutectic structure. In this condition, the amount of θ-phase is less than 

equilibrium for all alloys because more θ-phase has formed before the nucleation of θ-phase. For 

example, in the case of Al- 6at% Cu, nucleation of θ-phase in equilibrium condition takes place 

when the amount of liquid is equal to 23% but at h=0.5 W/cm2K the amount of liquid is 21% 

before θ-phase nucleation. The eutectic structure is shown in figure 4.9 for Al-10.6 at% Cu, 

where it is obvious that α+θ phases simultaneously grow within the liquid phase.  
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The eutectic structure is not completely lamellar and consists of both lamellar and wavy 

structures, which was also observed in experimental studies [394, 395]. The lamellar spacing is 

1.2±0.2 μm for all alloys at h=0.5 W/cm2K.  

 

 

Figure 4.8. Effect of heat transfer coefficient and Cu content on solidification path of Al-Cu 

alloys. 

 

By increasing h to 2 W/cm2K, eutectic reaction starts at 813.6 K (7.15 K undercooling). In 

this situation, a higher amount of h α-phase forms before nucleation of θ-phase and less liquid 

will transform into a α+θ structure via eutectic reaction (18% liquid in the case of Al-6 at% Cu). 

Also, due to higher cooling rates, all Cu atoms cannot segregate from the θ-phase into 

interdendritic region and coring takes place [396, 397], and consequently the amount of θ-phase 

decreases. In this condition, the lamellar spacing is 0.7 ±0.1 μm for all alloys. By increase h to 4 

W/cm2K, θ-phase starts to form at 803±4 K (17-21 K undercooling) through both eutectic 
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reaction and direct solidification from enriched liquid. In this situation, the amount of liquid 

phase before eutectic reaction has decreased even more (14.5% in the case of Al-6 at% Cu) and 

coring is more severe, which results in a reduction of θ-phase. It is obvious from last row in 

Figure 4.8 that the θ-phase doesn’t form at a constant temperature (eutectic reaction) which 

implies that eutectic reaction is partly suppressed at this high cooling rate. In addition to the 

variation of θ-phase fraction with Cu content and heat transfer coefficient, its distribution also 

changes considerably with these parameters. It can be seen in figure 4.6 that at a constant heat 

transfer coefficient, h, θ-phase distribution is more homogenous in Al-3 and Al-8.4 at% Cu 

alloys than Al-6 and Al-10.6 at% Cu. In the latter cases, dendritic morphology is dominant and 

θ-phase forms in interdendritic regions, while in the former cases, primary α-phase solidifies as a 

seaweed structure and θ-phase forms between seaweed branches. The underlaying reasons for the 

different structures of α-phase during solidification have been discussed in the next section. 

 

 

Figure 4.9. (a) The solidified structure of Al-10.6 at% Cu solidified at h=0.5 W/cm2K. (b-e) 

different snapshots that show sequence of eutectic structure formation via eutectic reaction.  
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In all investigated alloys by increasing heat transfer coefficient, the distribution of phase 

becomes more homogenous but this homogenization is more noticeable in alloys with 3 and 8.4 

at% Cu. In these alloys, tip splitting frequency increases considerably by heat transfer 

coefficient. As a consequent, the distribution of the θ-phase becomes more homogenous. By 

comparison of the two left columns in figure 4.6, it is completely obvious that θ-phase 

distribution is more homogenous in seaweed structures (Al-8.4 at% Cu) than dendritic structures 

(Al-10.6 at% Cu), and θ-phase distribution is more sensitive to heat transfer coefficient in alloys 

with seaweed structure. 

4.4.5 Solidification pattern Formation 

Figure 4.10 Shows the Dendritic morphology of the investigated alloys at different cooling 

conditions when the α-phase fraction in the simulation system is 30%. It can be seen that at 

h=0.5 W/cm2K different morphologies are formed for different alloys. In the case of alloys with 

3 and 8.4 at% Cu, tip splitting occurs during the solidification and results in seaweed structure 

formation, a common phenomenon during solidification of alloys with weak CM interfacial 

energy anisotropy [75-78, 81, 82, 86, 87, 398-400]. While, in alloys with 6 and 10.6 at% Cu, 

dendritic solidification takes place without any tip splitting.  Since the anisotropy of CM 

interfacial energy is high for Al-6 and Al-10.6 at% Cu alloys, dendritic growth is dominant in 

these alloys at all investigated cooling conditions. On the other hand, in the case of Al-3 and Al-

8.4 at% Cu, the anisotropy of interfacial energy is much lower, which results in the formation of 

different seaweed structures like stabilized [86], degenerate or fractal seaweed (FS) [76, 86], and 

compact seaweed (CS) [76] at different cooling conditions.. 

Figure 4.10 (a-c) show the structures of solidifying Al-3 at% Cu at different cooling 

conditions. In figure 4.10 (a), the tips of growing dendrites split off center in such a way that the 
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larger tip keeps growing as the other falls behind. This growth mode results in the formation of a 

structure called stabilized seaweed [86]. By increasing heat transfer coefficient to 2 W/cm2K 

(figure 4.10 (b)), the tip splits to alternate sides producing tips of comparable size which grow as 

main branches and the splitting will keep happening in each one of them. 

 

 

Figure 4.10. Morphology of solidifying α-phase for investigated alloys at different cooling 

condition when solid phase fraction is 30%.  

 

This structure is called degenerate or FS which is formed by alternating tip splitting [76, 

86, 398]. The same structure is formed at h=4 W/cm2K (Figure 4.10 (c)) but the tip splitting 

frequency (f) is much higher. It has been shown that the tip splitting frequency in FS structure is 

related to growth velocity (V) as a power law f∝V1.5 [86, 398]. In this study, at h=2 and 4 
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W/cm2K, f is 334 and 538 s-1, respectively, and the related growth velocities are 2900 and 6100 

μm/s. Figure 4.10 (g-i) show structures of solidifying Al-8.4 at% Cu at investigated cooling 

conditions. At h=0.5 W/cm2K (figure 4.10 (g)), a mixture of stabilized and FS is observed. By 

increasing the heat transfer coefficient to 2 W/cm2K (Figure 4.10 (h)), tip splitting takes place in 

a nonfractal mode, which results in a structure known as compact seaweed morphology [76, 79, 

82] or dense branching [400]. By further increase of heat transfer to 4 W/cm2K, CS forms with 

higher splitting frequency. During the solidification, dendrites tend to grow in the direction of 

maximum CM interfacial energy. On the other hand, thermal noises can lead to the 

destabilization of interface and formation of seaweed structures [80, 82]. When the strength of 

CM interfacial energy is high, the interface is stable against thermal noises and dendritic 

morphology with a parabolic tip is dominant, which is the case for Al-6 and Al-10.6 at% Cu. In 

the case of Al-3 and Al-8.4 at% Cu, the interfacial energy anisotropy is low, and interface 

destabilizes due to the thermal noise and consequently tip flattens and widens before splitting 

(Figure 4.11). The details of the tip flattening and splitting mechanisms have been discussed 

elsewhere [76-78, 82, 86, 398].  

As it was elucidated, FS is dominant in Al-3 at% Cu and CS is the dominant structure in 

Al-8.4 at% Cu, while the strength of interfacial energy anisotropy is weak in both. This 

difference stems from different constitutional supercooling during solidification. Figure 4.12 (a) 

and Figure 4.12 (b) show concentration profile and corresponding liquidus line at ahead of 

growing seaweed for Al-3 and Al-8.4 at% Cu, respectively 
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Figure 4.11. Tip flattening and splitting phenomena during solidification of Al-3 at% Cu at h=0.5 

W/cm2K.  

 

For the heat transfer coefficient of 4 W/cm2K. For Al-3 at% Cu, the constitutional 

supercooling is 5.1K exactly at ahead of growing tip and increases to almost 25 K in 6 μm from 

it. For Al-8.4 at% Cu supercooling is 9.85 K ahead of growing tip and reaches 68 K in 9 μm. At 

the limit of diffusion control growth, it has been shown that at a low interfacial energy 

anisotropy and a low supercooling, FS is dominant and with increasing supercooling, a transition 

is observed and CS becomes dominant [79, 82]. 

Based on the patterns obtained from phase-field simulations and considering the 

aforementioned analysis, we construct a map of strength of anisotropy parameter (ε4) versus 

constitutional supercooling (Δ) in Figure 4.13 that shows solidification morphology formation in 

Al-Cu alloys. Regardless of Cu content and supercooling, when the anisotropy parameter value 

is larger than 0.005 dendritic morphology is dominant and seaweed structure is halted. At a 

lower anisotropy and supercooling less than 8K, fractal seaweed forms during solidification. 

While at anisotropies less than 0.005 and supercooling higher than 8K, compact seaweed 

structure is dominant.    
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Figure 4.12. Concentration profile at ahead of growing tip and corresponding constitutional 

supercooling for (a) Al-3 at% Cu, and (b) Al-8.4 at% Cu. 

 

 

Figure 4.13. Map of morphology formation in Δ-ε4 plane during solidification of Al-Cu alloys. 

The dotted lines show the expected trends at higher constitutional supercooling.  
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4.5 Conclusions  

Solidification of four Al-Cu alloys with 3%, 6%, 8.4%, and 10.6 at% Cu was investigated 

using atomistic-informed multi-phase field modeling. We investigated the combined effects of 

cooling condition, alloy composition and interfacial energy anisotropy on θ-phase fraction and its 

distribution, and growth dynamics and morphology of solidification structures. First, the CM 

interfacial energies and its anisotropy were determined using molecular dynamic simulations. 

These values were used in phase-field simulations to quantitatively investigate the interactive 

effects of Cu content, CM interfacial properties, and cooling condition on growth dynamics and 

solidification patterns. Specific findings include the following: 

1- Molecular dynamics simulation results showed that the CM interfacial energy decreases 

linearly with increasing Cu content while its anisotropy does not show a specific trend. 

2- Phase-field simulation results showed that with increasing the cooling rate, the dendrite 

arm spacing and the amount of θ-phase decrease, and this reduction is more pronounced in 

alloys with higher Cu content. Also, the θ-phase fraction decreases by increasing the heat 

transfer coefficient. This reduction is due to the higher undercooling needed for eutectic 

reaction, which results in the formation of higher α-phase, and less liquid transforms into 

θ+α phase via eutectic reaction. Furthermore, the coring phenomenon is more noticeable at 

higher cooling rates which results in a reduction in Cu content in the interdendritic regions 

and a decrease inθ-phase. 

3- Distribution of θ-phase is more homogenous in alloys with seaweed structures (Al-3 and 

Al-8.4 at% Cu) than the alloys with dendritic structures. In all investigated alloys, the 

distribution of θ-phase becomes more homogenous by increasing the heat transfer 
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coefficient, but it is more sensitive to the value of heat transfer coefficient with seaweed 

structures. 

4- Anisotropy of CM interfacial energy has a significant effect on solidification patterns and 

their growth dynamic. At the limit of diffusion control growth, when the strength of 

anisotropy is higher than 0.005 dendritic morphology is dominant at all cooling rates. At 

lower CM interfacial energy anisotropy different seaweed structures can form regarding 

constitutional supercooling at ahead of growing tip. When supercooling is less than 8K 

degenerate or fractal seaweed form while at higher supercoolings compact seaweed is 

dominant microstructure. 

4.6 Appendix 1 

Eq. A1 was used to calculate the anisotropy parameters in 3D:  

𝛾(𝑛̂) = γ0(3D)[1 + δ1(4 ∑ 𝑛𝑖
43

𝑖=1 − 3) + δ2(∑ 𝑛𝑖
63

𝑖=1 + 30𝑛1
2𝑛2

2𝑛3
2)]               (4.17) 

The following 2D equation (Eq. A2) is used for PF simulations:  

γ = γ0(2D)(1 + ε4(cos4𝜑))                                                     (4.18) 

Using a series of trigonometric relations, we can calculate ε4 in 2D as a function of δ1 and 

δ2. Having 𝑛1 = cos 𝜑, 𝑛2 = sin 𝜑, and 𝑛3 = 0, we can rewrite Eq. A1 as follow: 

𝛾(𝑛 ̂ )

γ0(3D)
= [1 + 4δ1(𝑐𝑜𝑠4φ + 𝑠𝑖𝑛4φ − 3/4) + δ2(𝑐𝑜𝑠6φ + 𝑠𝑖𝑛6φ)]             (4.19) 

From trigonometric relations we have: 

𝑐𝑜𝑠4φ + 𝑠𝑖𝑛4φ = (𝑐𝑜𝑠2φ + 𝑠𝑖𝑛2φ)2 − 2𝑠𝑖𝑛2φ 𝑐𝑜𝑠2φ = 1−2𝑠𝑖𝑛2φ 𝑐𝑜𝑠2φ ,          (4.20) 

𝑐𝑜𝑠6φ + 𝑠𝑖𝑛6φ = (𝑐𝑜𝑠2φ + 𝑠𝑖𝑛2φ)3 − 3𝑠𝑖𝑛2φ 𝑐𝑜𝑠2φ = 1−3𝑠𝑖𝑛2φ 𝑐𝑜𝑠2φ ,           (4.21) 



 

146 
 

sin φ cos φ =
1

2
sin 2φ ⇒ 𝑠𝑖𝑛2φ 𝑐𝑜𝑠2φ =

1

4
𝑠𝑖𝑛22φ ,                              (4.22) 

𝑠𝑖𝑛22φ =
1−cos 4𝜑

2
                                                         (4.23) 

By substituting Eq. A.4-A.7 into Eq. A.3 we have: 

𝛾(𝑛 ̂ )

γ0(3D)
= [1 + 4δ1 (1 −

1

4
+

1

4
cos 4𝜑 −

3

4
) + δ2 (

5

8
+

3

8
cos 4𝜑)]                 (4.24) 

Then:  

𝛾(𝑛 ̂ )

γ0(3D)
= 1 +

5

8
 δ2 + (δ1 +

3

8
δ2) cos 4𝜑.                                  (4.25) 

We define X=1 +
5

8
 δ2 and Y=δ1 +

3

8
δ2 and divide all terms by X. then we have:  

𝛾(𝑛 ̂ )

γ0(3D)𝑋
= 1 +

𝑌

𝑋
cos 4𝜑.                                               (4.26) 

Comparing Eq. A.2 and A.10 we have 4 = 
𝑌

𝑋
 and γ0(2D) = γ0(3D)𝑋. Since X~1 for all 

alloys, γ0(2D) = γ0(3D). 

4.7 Appendix 2 

The analytical solutions for λ1 and λ2 (Equation 13 and 14) include material properties 

which are obtained from MD simulations and Thermo-Calc databases. The first parameter is 

Gibbs-Thomson coefficient which is calculated using Eq. A.11. 

𝛤𝑠𝑙 =
𝛾𝑠𝑙+𝛾𝑠𝑙

″

𝜌∆𝑠𝑓
                                                                          (4.27)   

where 𝛾𝑠𝑙 and 𝛾𝑠𝑙
″  are CM interfacial energy and its second derivative, respectively. 𝜌 is 

density and ∆𝑠𝑓 is the entropy of fusion. Almost all the dendrites of investigated Al-Cu alloys 
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have 〈100〉 [001] orientation. So, based on Table 1 we can use Eq. A.12 to calculate numerator of Eq. A.11. 

𝛾𝑠𝑙 + 𝛾𝑠𝑙
″ = 𝛾0(1 − 15δ1 − 5δ2)                                       (4.28) 

Entropy of fusion, ∆𝑠𝑓, is extracted from Thermo-Calc simulations and 𝜌 =
𝑤𝑡%𝐴𝑙+𝑤𝑡%𝐶𝑢

𝑉
 where 𝑤𝑡%𝐴𝑙and 𝑤𝑡%𝐶𝑢 are weight 

percent of Al and Cu, respectively. 𝑉 is the volume of 1 kg alloy and is calculated as: 𝑉 = (
𝑤𝑡%𝐴𝑙

𝜌𝐴𝑙
) + (

𝑤𝑡%𝐶𝑢

𝜌𝐶𝑢
). 𝜌𝐴𝑙 and 𝜌𝐶𝑢 are equal 

to 2710 kg/m3 and 8950 kg/m3, respectively.  Interdiffusion coefficient of Cu atoms at the liquidus temperatures (𝐷̃𝐶𝑢𝐶𝑢
𝐴𝑙 ), freezing 

range (∆𝑇0), slope of liquidus line (𝑚𝑙), and final composition of liquid before freezing (𝑐𝑒𝑢𝑡) are extracted from Thermo-Calc. All 

these parameters are presented in Table A.1 

Table A.1. Material properties of investigated alloys. 

𝑐0(at%) 𝑐0(wt%) 𝑐𝑒𝑢𝑡(wt%) ∆𝑇0(𝐾) 𝑚𝑙(K/wt%) 𝐷̃𝐶𝑢𝐶𝑢
𝐴𝑙 (m2/s) ∆𝑠𝑓(J/K.kg) 𝜌(kg/m3) 𝛾𝑠𝑙 +

𝛾𝑠𝑙
″ (J/m2) 

𝛤𝑠𝑙(K.m) 

3 6.9 33.49 99 -3.07 5.12E-09 551 2847 0.104 6.63E-08 

6 13 33.49 77 -2.93 5.05E-09 541.73 2980 0.0779 4.83E-08 

8.4 17.76 33.49 63 -2.91 4.9E-09 512.29 3092 0.0832 5.25E-08 

10.6 21.83 33.49 50 -2.89 4.88E-09 484.11 3196 0.0799 5.16E-08 

 

 Interface velocity (𝑣∗) and temperature gradient (𝐺) were extracted from phase-field simulations at steady state condition and 

are presented in Table A.2. Also, in this study the equilibrium partition coefficient, ke = 0.185, is used.  
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Table A.2- Process dependent parameters of investigated alloys at different heat transfer 

coefficients.  
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0.5 0.0027 21.6 86.9 9.83 

2 0.0038 74.2 43 5.9 
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CHAPTER 5 CONCLUSIONS 

 

Mechanical and physical properties of metals and alloys are greatly influenced by 

solidification defects which can form in both macro and microscale inside the alloy or at the 

surface. In this Ph.D. research, by means of computational modeling, we investigated the 

formation mechanisms of surface defects that form during continuous casting of steels especially 

peritectic steels. A macro-scale computational framework based on finite element method was 

developed to understand the effect of carbon on surface defect features of steels. In this work we 

also investigated solidification pattern formation, microsegregation and second phase formation 

mechanisms in Al-Cu alloys with cupper content ranging from 3 to 11 at% using an atomistic 

informed phase field model implemented in MICRESS program. Specific findings include the 

following:  

1. Under equilibrium conditions, peritectic solidification proceeds in two distinct steps: the 

peritectic reaction, and the peritectic transformation. 

2. The peritectic reaction takes places when austenite nucleates and grows as a thin layer 

along the liquid / δ-ferrite interface at or just below the peritectic temperature. It is 

governed by diffusion of solute (carbon in plain Fe-C steels), especially in the liquid, and 

likely also depends on microscale heat transfer that causes local re-melting of δ-ferrite 

and liquid / solute mixing near the δ/γ/L triple point.  

3. The peritectic transformation first involves growth of the austenite layer thickness in both 

directions: into the liquid (L →γ) on one side, and into the δ-ferrite interior (δ→γ) on the 

other side, which separates the δ-ferrite and liquid by a thickening layer of austenite. 

Some believe that this transformation is controlled by diffusion, especially with low 
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undercooling below the peritectic temperature. At high undercooling, the transformation 

is extremely fast, so others believe that the δ→γ transformation is controlled by massive 

transformation. 

4. At very high undercooling and transformation rates, some claim that the peritectic 

reaction is suppressed, due to either nucleation constraint, or to solute flux gradients, so 

the initial austenite layer never grows along the δ / L interface and the entire peritectic 

solidification process is governed by massive transformation.  

5. Peritectic steels cause deeper oscillation marks and surface depressions in cast products, 

relative to other steel grades. This is due to the large shrinkage that accompanies the δ→γ 

phase transformation, the higher transformation speed, the much higher strength of 

austenite relative to δ-ferrite, complex thermal-mechanical behavior during solidification, 

and possibly other factors involving the microstructure evolution. 

6. Peritectic steels having deeper surface roughness leads to higher resistance to heat 

transfer across the interfacial gap during initial solidification in the mold, lower heat flux, 

uneven shell growth, and thin regions in the solidifying steel shell, which have hotter 

local surface temperature. These thin, weak, hot spots lead to local strain concentration 

and make peritectic steels more susceptible to breakouts and hot-tearing cracks, 

especially internal cracks and longitudinal surface cracks, relative to other grades.  

7. Carbon content is the main factor that controls thermal distortion and bottom surface 

shape during steel solidification. The highest distortion, as indicated by the curvature of 

bottom surface of the droplet, is found in ultra-low carbon and peritectic steel grades. 
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8. Heat flux also plays an important role in controlling thermal distortion during 

solidification. Increasing heat flux during the initial stages of solidification causes the gap 

depth (curvature of solidified droplet surface) to increase. This effect is most evident in 

ultralow carbon steels, and decreases with increasing carbon content, if the heat flux does 

not suddenly change.  

9. A sudden drop in heat flux typically accompanies gap formation, and is called the 

incubation time. This causes surface reheating, thermal expansion of the surface layer, 

and a very large increase in the gap depth, for all steel grades.  

10. Shorter incubation times lead to deeper gaps, owing to the higher temperature gradient 

across the thinner shell when the thermal distortion occurs. 

11. For every steel grade and heat flux condition investigated, the gap forms very early 

during solidification, within 0.06s for fast cooling and within 0.4s for slow cooling, and 

remains relatively constant after that. The heat flux rate at later times, after the first 1s, 

has little effect on the final thermally-distorted shape. 

12. The incubation time for gap formation is usually near or after the start of the δ→γ phase 

transformation, which is controlled by the steel grade and initial heat flux. Thus, the gap 

forms sooner with faster initial cooling rates, and in peritectic steels.  

13. The gap depth is greatly affected by the δ→γ phase transformation. In peritectic steel 

grades, this transformation occurs very soon after a thin solid shell has formed, which 

leads to deep gaps, implying deep surface depressions in cast products.  

14. Increasing the cooling rate and temperature gradient during initial solidification increases 

the severity of δ→γ phase transformation, and results in a deeper gap. 
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15. The findings of this fundamental model and gap formation mechanism have important 

implications for the formation of surface depressions and related defects in commercial 

steel continuous casting processes. 

16. Molecular dynamics simulation results showed that the CM interfacial energy decreases 

linearly with increasing Cu content while its anisotropy does not show a specific trend. 

17. Phase-field simulation results showed that with increasing the cooling rate, the dendrite 

arm spacing and the amount of θ-phase decrease, and this reduction is more pronounced 

in alloys with higher Cu content. Also, the θ-phase fraction decreases by increasing the 

heat transfer coefficient. This reduction is due to the higher undercooling needed for 

eutectic reaction, which results in the formation of higher α-phase, and less liquid 

transforms into θ+α phase via eutectic reaction. Furthermore, the coring phenomenon is 

more noticeable at higher cooling rates which results in a reduction in Cu content in the 

interdendritic regions and a decrease inθ-phase. 

18. Distribution of θ-phase is more homogenous in alloys with seaweed structures (Al-3 and 

Al-8.4 at% Cu) than the alloys with dendritic structures. In all investigated alloys, the 

distribution of θ-phase becomes more homogenous by increasing the heat transfer 

coefficient, but it is more sensitive to the value of heat transfer coefficient with seaweed 

structures. 

19. Anisotropy of CM interfacial energy has a significant effect on solidification patterns and 

their growth dynamic. At the limit of diffusion control growth, when the strength of 

anisotropy is higher than 0.005 dendritic morphology is dominant at all cooling rates. At 

lower CM interfacial energy anisotropy different seaweed structures can form regarding 
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constitutional supercooling at ahead of growing tip. When supercooling is less than 8K 

degenerate or fractal seaweed form while at higher supercoolings compact seaweed is 

dominant microstructure. 
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CHAPTER 6 FUTURE WORKS 

 

In this thesis we investigated the thermal distortion formation during steel solidification in 

macroscale level using our finite element model. The next step to gain deeper understanding of 

defect formation should be done by microscale modeling to investigate the effect of 

solidification mechanism in different grades on surface defect formation. To this end, 

quantitative phase-field modeling in which all the interfacial energies are known would be the 

best option. 

Understanding solidification behavior of alloys in microgravity situation is a very 

important step for space exploration process. In this matter, it is necessary to know how 

interfacial energies and surface tensions influence solidification pattern formation in 

microgravity conditions.  

Considering these, following potential future works are suggested:    

1-  We speculate that in addition to δ→γ phase transformation rate the direction of this 

transformation has a great effect on stress distribution during solidification and 

consequently on thermal distortion. To this end, phase field modeling of steel 

solidification should be performed in order to investigate the effect of carbon content on 

phase transformation sequence and direction in microscale. 

2- Since phase field modeling is a phenomenological approach to make phase field 

modeling quantitative, one needs to have exact physical properties including crystal-melt 

interfacial energy properties to correctly simulate microstructure evolution and phase 
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transformation kinetics during steel solidification. Molecular dynamic simulations should 

be performed for Fe-C alloys to calculate interfacial energy and its anisotropy.     

3- During solidification, stress and strain distribution are the main reason for surface defect 

formation. In order to predict stress distribution in micro level the phase field model 

should be coupled with stress model to study the effect of δ→γ phase transformation rate 

and direction on stress and strain distribution during steel solidification. 

4-  As we showed in this Ph.D. thesis, crystal-melt interfacial energy and related anisotropy 

play a crucial role on pattern formation during solidification of metals and alloys in 

terrestrial condition. In microgravity condition and absence of earth gravity, when there is 

no buoyancy force the properties of interfacial energies (solid-liquid and liquid-gas) 

dominant the solidification mechanism and determine the characteristics of both macro 

and microscale defects. In order to predict the effects of gravity level on microstructure 

evolution and defect formation during solidification the phase field model should be 

coupled with Naiver- Stokes equations.  
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